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Abstract 
In this thesis a non-equilibrium polymer melt with a heterogeneous distribution of entanglement 
density is investigated. This melt is achieved on melting of Ultra-High Molecular Weight Polyethylene 
(UHMWPE) which has been synthesised in specific conditions to yield a nascent material with a low 
amount of entanglements compared to its equilibrium state. In time the melt equilibrates by 
formation of entanglements, continuously increasing its elastic modulus, until the equilibrium state 
is reached, having a homogeneous distribution of entanglements. Step strain and step stress 
rheology on the non-equilibrium melts show that relaxation times and viscosity increase during 
equilibration following a power law dependence on the instantaneous elastic modulus. In this way, 
information of the elastic modulus increase can be used to transfer relaxation modulus or creep 
compliance, of experiments started out of equilibrium, to an effective time domain where time 
translational invariance is regained and equilibrium viscoelastic behaviour is observed. To increase 
the range of available characterisation techniques, deuterated UHMWPEs with an initially low 
amount of entanglements are synthesised, as well as block copolymers consisting of blocks of 
protonated and deuterated UHMWPE. The deuterated polymers show rheological and thermal 
behaviour similar to their protonated counterparts, albeit at lower temperature as an effect of 
deuteration. The di- and tri-block copolymers show signs of micro-phase separation as a result of 
entropic barriers between the different isotope regions, which inhibits entanglement formation and 
results suggest formation of a long-lasting non-equilibrium melt state in these materials. Using 
deuterated UHMWPE, the effect of the heterogeneous entanglement distribution on crystallisation 
behaviour is investigated and the different crystal morphologies obtained from nascent, melt-
crystallised or isothermally crystallised samples are examined by differential scanning calorimetry 
(DSC) and small angle neutron scattering (SANS). During isothermal crystallisation, less entangled 
regions in the non-equilibrium melt can crystallise at low undercooling into crystals with large 
lamellar thickness and melting point close to the equilibrium melting temperature of polyethylene. 
On the other hand, highly entangled areas crystallise at higher supercooling into thinner crystals 
with a lower melting temperature. Additionally, DSC and SANS on block copolymers give further 
indication of a long-lasting melt state with a low amount of entanglements obtained from these 
polymers, the concept of which could prove useful in processing of UHMWPE and in tailoring 
mechanical properties of polymers in general. 
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1 Introduction 
1.1 Polyethylene 
Polyethylene (PE) is one of the most produced polymers in the world today. This polymer of 
ethylene has the very simple structure of repeating CH2 units. However, by changing the chain length 
and the amount and length of branching, physical and mechanical properties of the polymer can be 
varied substantially. In this respect polyethylene is the generic name for a class of polymers and can 
be divided into three main categories: Low Density PE (LDPE), Linear Low Density PE (LLDPE) and 
High Density PE (HDPE). LDPE is a highly branched, amorphous material that is often used as a 
commodity plastic for applications such as bags and films. LLDPE is a linear polymer with short chain 
branches (4-8 CH2 groups) synthesised by copolymerisation of ethylene with a longer 1-alkene such 
as 1-hexene. Due to ease in processing this polymer is also used for several commodity applications. 
HDPE is a linear PE with virtually no branches and therefore possesses higher crystallinity. Due to its 
crystalline nature it is opaque and shows higher strength and modulus than both LDPE and LLDPE. 
With increasing chain length i.e. molar mass the polymer properties change considerably and HDPE 
having a weight average molecular weight Mw greater than 1.0 x106 g/mol, referred to as Ultra-High 
Molecular Weight Polyethylene (UHMWPE), is considered an engineering polymer. Desired material 
properties for demanding applications, such as high modulus, tensile strength and abrasion 
resistance, increase with increasing molar mass of the polymer. Applications where UHMWPE is 
successfully used are lightweight ropes, bulletproof vests and medical prostheses. However, with the 
increasing molar mass, polymer processing becomes difficult as the zero shear viscosity η0 increases 
following the well-established power law of η0 ~ Mw3.4, meaning that above a certain critical 
molecular weight, the viscosity of the polymer melt starts to increase with Mw to the power 3.4, as 
shown by Colby et al.1 for polybutadiene and other polymers. The power law exponent of 3.4 is due 
to chain-end effects and reduces to the theoretical value of 3.0 at molar masses above 
approximately 3.0 x105 g/mol (see also chapter  1.4.2). Because of this viscosity increase, UHMWPE is 
not processable using conventional techniques (such as melt extrusion or injection moulding) once 
the Mw is sufficient to achieve the desired mechanical properties. The increase in viscosity is related 
to the increasing number of entanglements per chain with increasing chain length. 
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1.2 Entanglements 
Entanglements are dynamic topological constraints between long polymer chains.2,3,4 These can be 
seen as physical crosslinks between the chains, in contrast to chemical crosslinks in for example 
rubbers. However, while chemical crosslinks are fixed in certain positions along the polymer chain, 
entanglements are only temporary constraints that change their position with time. The dynamic 
nature of entanglements causes a typical viscoelastic response of polymers that is common to all 
flexible linear and branched polymers. This indicates that the response is not due to specific 
intermolecular interactions, but rather due to the general un-crossability (polymer chains cannot 
intersect with each other) of polymer molecules.  
In a polymer melt or concentrated solution, where there are many long polymer chains close 
together, they form an entanglement network, which in its utmost simplicity is defined 
quantitatively by the average molecular weight between entanglements Me. Me is considered to be 
an intrinsic property of a polymer and in general Me is higher for stiffer polymers. For example, 
polypropylene has an Me of roughly 5600 g/mol whereas Me for the stiffer polystyrene is around 
15000 g/mol. The exact value of Me for linear polyethylene is still in dispute and ranges from 800 to 
2400 g/mol depending on the method used to determine the property.5,6,7 Thus when Mw increases, 
the number of entanglements Z = Mw/Me increases simultaneously, and a higher viscosity is 
observed. It is this entanglement network that causes the large increase in viscosity with increasing 
molecular weight for polymers. To be able to process UHMWPE it is therefore paramount to reduce 
the number of entanglements and consequently the entanglement density in the nascent (as 
synthesised) polymer. 
1.3 Reducing entanglement density with the aim of easing processing 
Commercial UHMWPE is generally synthesised using a Ziegler-Natta type catalyst in the slurry 
phase.8 These reactions use a dispersed heterogeneous catalyst and the polymerisation conditions 
are optimised to achieve the maximum polymer yield. The disadvantage of this synthetic route is the 
high polydispersity (>6) and the high entanglement density in the synthesised polymer. The latter is 
due to the multi-site, dispersed (as opposed to dissolved) catalyst and the chosen polymerisation 
temperature that normally exceeds the polymer dissolution (or melt) temperature and also causes a 
polymerisation rate higher than the crystallisation rate. Due to the presence of a high number of 
entanglements in the amorphous region of the semi-crystalline polymer these materials cannot be 
processed in the solid state i.e. below their equilibrium melting temperature. On melting the 
heterogeneous distribution of entanglements (disentangled and entangled domains in crystalline 
and amorphous regions respectively) initially present in the semi-crystalline polymer homogenises 
quickly, leading to the formation of the thermodynamic stable, fully entangled melt state. This melt 
Chapter 1 
3 
 
of UHMWPE cannot be processed via conventional means, such as extrusion or injection moulding, 
which are routinely used for other, less viscous, thermoplastics. 
1.3.1 Solution-spinning of UHMWPE 
One industrially viable way to process UHMWPE is the solution-spinning process developed by Smith 
and Lemstra.9,10 These authors dissolved a low amount (<5% by weight) of UHMWPE in a boiling 
solvent (decalin or xylene) to create a semi-dilute solution with a polymer concentration (ϕ) only 
slightly above the critical overlap concentration of polymer chains (ϕ*). The decreased chain overlap 
results into a reduced number of entanglements in the amorphous region upon solvent evaporation 
and polymer crystallisation, as depicted schematically in Figure  1-1. The dependence of the molar 
mass of PE on φ* has been thoroughly investigated by Sawatari et al.11 
 
Figure  1-1: Schematic representation of the crystalline structure of UHMWPE when crystallised 
from the melt (left), semi-dilute solution with ϕ > ϕ* (middle) and very dilute solution with ϕ < ϕ* 
(right). ϕ* is the critical overlap concentration.  
It has been shown by Lemstra 12 , Smith 13  and Bastiaansen 14  that increasing the polymer 
concentration of the solution decreases the maximum draw ratio of the resulting polymer. The 
decrease is associated with the increasing number of entanglements.  For a fixed molar mass, the 
following correlation between the maximum draw ratio λmax and polymer concentration has been 
proposed by Smith et al.13  
 𝜆𝜆𝑚𝑚𝑚𝑚𝑚𝑚 ∝ 𝜑𝜑−0.5 (1-1)  
 
These basic concepts have been applied successfully in the solution-spinning of UHMWPE resulting 
into oriented chains having tensile strength exceeding 3.5 GPa and crystal modulus approaching 150 
GPa.15 It is possible to go to solutions with a polymer concentration below ϕ*, producing single-
chain crystals having almost no entanglements between them, but this causes brittle failure during 
uniaxial deformation and is therefore not useful for industrial purposes.13  
While solution-spinning produces materials with excellent properties on an industrial scale, it is a 
laborious process involving recovery of more than 95 wt% of solvent. Therefore there has been a 
quest to develop solvent free processing routes as explored first by Kanamoto, Porter et al.16,17 
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These authors showed that some of the entangled polyethylenes, in a narrow temperature window 
close to, but below the melting point, could be processed into tapes having modulus of 180 GPa and 
tensile strength up to 1.6 GPa. The draw ratio and properties could be increased even further using a 
two-stage process consisting of extrusion followed by drawing in a specific temperature window. 
However, due to such stringent processing conditions the process could not be commercialised.  A 
more recent route to control the amount of entanglement formation controls the rate of 
crystallisation during polymerisation, as described in the next section.  
1.3.2 Crystallisation during polymerisation 
After the discovery in the 1960s of chain folded crystals18, obtained from dilute solutions, it was 
anticipated that crystallisation can occur during polymerisation, where the resultant morphology will 
be dependent on experimental conditions.19,20,21 When polymerising at a temperature below the 
dissolution temperature of the polymer in the polymerisation mixture, the macromolecules are 
never in a completely dissolved state after a small amount of monomer insertions. If the rate of 
crystallisation is higher than the polymerisation rate, only a small part of the growing polymer chain 
is dissolved at any given time while the remainder is in the crystalline state. Because of the quick 
crystallisation the polymer chains do not have time to go into a random coil conformation and are 
not able to form many entanglements. The lower the polymerisation temperature, the earlier and 
faster the crystallisation, so that a lower temperature produces a less entangled material, as 
illustrated in Figure  1-2.  
 
Figure  1-2: Schematic representation of the effect of temperature on the crystallisation during 
polymerisation of UHMWPE and the resultant polymer structure using a heterogeneous multisite 
catalyst. When the polymerisation temperature Tpol is above the dissolution temperature Td 
polymer chains can dissolve and entangle before crystallisation sets in (left). When Tpol is 
decreased crystallisation start much earlier in the process and there is no time or space for 
entanglement formation (right). 
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Smith et al.22,23 were the first to make use of this concept to synthesise disentangled UHMWPE. For 
the synthesis they made use of a vanadium-based catalyst supported on a glass surface. These 
authors showed that by lowering the polymerisation temperature to -40 °C the synthesised 
UHMWPE could be deformed uniaxially in the solid state without the use of any solvent. The drawn 
tapes showed modulus and tensile strength exceeding 130 GPa and 3.5 GPa respectively. Due to the 
stringent polymerisation conditions and low catalyst activity these studies were not pursued further. 
The discovery of single-site homogeneous catalysts based on group IV organometallic complexes 
meant another step forward in the controlled synthesis of UHMWPE. A good review of the early 
work in this area is given by Brintzinger et al.24 The active sites of these molecular catalyst species 
are all the same, which decreases the polydispersity from higher than six for heterogeneous 
catalysts to around two for the best (in this aspect) homogeneous catalysts.25 More importantly 
from an entanglement density perspective, the homogeneous and single-site nature of this catalyst 
provides an opportunity to homogeneously disperse the active sites in the polymerisation medium. 
By controlling the catalyst concentration and polymerisation conditions, such as polymerisation 
temperature and pressure, theoretically it is feasible to obtain monomolecular crystals i.e. single 
crystals formed from a single chain. In very dilute conditions, the growing polymer chains are less 
likely to encounter each other and the entanglement density of the nascent material can be tailored. 
The single-site catalysts can also be supported on nano-particles which assures less fouling during 
the reaction and means nano-particles can be incorporated directly in a polymer matrix – a route to 
achieve homogeneously dispersed functionalities in the intractable matrix of UHMWPE. However, 
the entanglement density increases compared to the homogenous system dispersed in the 
polymerisation medium because of the closer proximity of the catalytic sites, although it remains 
lower than for conventional heterogeneous systems. Ronca et al.26 used such a supported catalyst to 
synthesise UHMWPE with a lower entanglement density. The three different systems are shown 
schematically in Figure  1-3. 
Chapter 1 
6 
 
 
Figure  1-3: Schematic representation of the formation of entanglements during polymerisation 
using A) heterogeneous, B) single-site homogeneous and C) nano-particle supported single-site 
catalyst systems. Reproduced from Ronca et al.26 
A particularly interesting series of catalysts are the Fujita type 
(FI) catalysts, which have a group IV metallic centre with two 
bis(phenoxy-imine) type ligands. Depending on the specific 
metal and ligand combination, these catalysts can be used to 
create a large variety of polyolefin materials. A good review of 
the possibilities is given by Fujita et al.27 These catalysts are 
activated by a co-catalyst, of which the most common is 
methylaluminoxane (MAO). The catalyst used in this thesis ((N-
(3-tert-butylsalicylidene)-2,3,4,5,6-pentafluoroaniline)2TiCl2, 
referred to as FI11, shown in Figure  1-4) is a member of this 
catalyst family. First studied by Fujita and coworkers,28 it has a 
titanium metal centre and the phenyl on the nitrogen is 
completely fluorinated. 
The catalyst is well suited for the purpose of synthesising UHMWPE with lower entanglement 
density because of its high activity for ethylene polymerisation at low temperatures, which is needed 
to achieve a high crystallisation rate during polymerisation as described above. Also, at the 
temperatures used in the synthesis described in this thesis (up to 40 °C during synthesis because of 
the exothermic nature of the reaction) the catalyst can be considered controlled at least in the initial 
stages of polymerisation.28 This means Mw increases linearly with polymerisation time which is 
important for getting polymers with a low polydispersity even for high Mw.  
 
Figure 1-4: FI11, (N-(3-tert-
butylsalicylidene)-2,3,4,5,6-
pentafluoroaniline)2TiCl2. 
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Rastogi et al.25 used the FI11 catalyst to produce nascent ‘disentangled’ UHMWPE, where in this 
thesis the term ‘disentangled’ will denote a polymer with a lower entanglement density than in 
equilibrium and not a material completely devoid of entanglements. The polymer could be stretched 
to tapes in the solid state with draw ratios reaching over 200 and yielded moduli and tensile 
strengths far above those achieved using more entangled polymers and even exceeding top of the 
range commercial UHMWPE tapes and fibres. The disentangled nature of the polymer also provides 
the opportunity to make biaxially stretched films of high isotropic strength and modulus.25 The ease 
in solid state deformation of the nascent powders synthesised using the single-site catalytic system 
is equivalent to the solution cast films of UHMWPE (SC-UHMWPE) reported by Lemstra et al.9 
However, the first peak melting temperature of the SC-UHMWPE is observed to be 137 °C compared 
to 142 °C of the nascent disentangled polymer.29 If nascent disentangled UHMWPE is molten and 
(quickly) crystallised from the melt, this temperature drops to 135 °C, the normal temperature for 
the lamellar thickness as determined by X-ray scattering. The difference in the melting temperature 
in spite of the similar crystal thickness (approximately 12 nm) is attributed to the presence of 
lamellar stacking in the SC-UHMWPE films.30,31 The influence of tight folds, present in the nascent 
crystals, is suggested to be the cause for enhanced melting temperature of nascent disentangled 
UHMWPE. It has to be mentioned that, while the FI11 catalytic system has been studied the most for 
purposes of synthesising disentangled UHMWPE and will be the catalyst used in this thesis, it is not 
the only one with which the synthesis is possible. The main required characteristic is the ability to 
produce high molar mass linear PE in a controlled way while keeping a high enough activity and a 
polymerisation rate lower than the crystallisation rate at the chosen polymerisation temperature. As 
such, other post-metallocene catalysts with samarium or chromium32 centres have been used for 
this purpose before. 
In nascent disentangled UHMWPE the long relaxation time of the polymer chains inhibits immediate 
homogenisation of the heterogeneously distributed entanglements in the semi-crystalline material.  
Thus the melting invokes a non-equilibrium melt state where the time required to achieve the 
thermodynamic melt state is dependent on molar mass, heating rate and melt temperature.  These 
characteristics provide unique opportunities to investigate chain dynamics at different length scales, 
ranging from Rouse motion to chain reptation. The main characterisation method to follow the 
equilibration process of these UHMWPE melts used in this thesis is (polymer) rheology, of which the 
basic concepts are explained in the following section. 
 
 
Chapter 1 
8 
 
1.4 Rheology on polymer melts 
Rheology is an important tool used to understand the relaxation and retardation behaviour of 
polymer melts. This section explains basic concepts of rheology from single chain dynamics through 
the reptation model to more recent insights. In addition it will discuss how linear oscillatory rheology 
is used to follow equilibration by means of entanglement formation in disentangled UHMWPE.  
1.4.1 Single chain dynamics 
Before examining the behaviour of a multitude of polymer chains in a polymer melt it is useful to 
look at the dynamics of a single polymer chain. What is summarised below has been explained in 
works by Ferry2 and Dealy and Larson33 among others. 
The starting point is the conformation of a single ideal polymer molecule which is freely jointed (all 
bond angles and orientations are equally possible) and considered a phantom chain (parts of the 
chain are allowed to occupy the same space). Due to its great length and Brownian motion this chain 
is constantly exploring a large amount of different conformations. Assuming the orientation of one 
segment does not influence the next segment, the path of the chain is a random walk (Figure  1-5). 
 
Figure  1-5: Computer simulation of the random walk of an ideal polymer chain. From Rubinstein 
and Colby.34 
The distance from one end of the polymer to the other is called the end-to-end distance R. If the 
polymer consists of N segments of length a then for one conformation 
 
𝑅𝑅 = �?⃑?𝑎𝑖𝑖𝑁𝑁
𝑖𝑖=1
 (1-2)  
 
and the average R of all conformation (of the freely-jointed chain)  
 < 𝑅𝑅2 > = 𝑁𝑁𝑎𝑎2 (1-3)  
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The average size is thus proportional to the square root of N and R will conform to a Gaussian 
distribution when N is large enough. 
The end-to-end distance is not experimentally obtainable and instead the radius of gyration <Rg2> is 
often measured, which is the average square distance of all segments to the centre of mass of the 
polymer. For the ideal chain it is given by 
 < 𝑅𝑅𝑔𝑔2 > = 16𝑁𝑁𝑎𝑎2 (1-4)  
 
For this ideal chain two assumptions have been made which are clearly not physically representative: 
freely-jointed segments and the representation of the molecule as a phantom chain. Real polymers 
have certain defined bond angles and the segments cannot rotate freely. This does not change the 
basic random walk but it does increase the length of the independent segments to a value higher 
than the bond length. This means the average end-to-end distance is now given by 
 < 𝑅𝑅2 > = 𝑁𝑁𝑏𝑏2 (1-5)  
 
where b is the new segment length which is always greater than a. The total of all interaction due to 
the chain not being freely jointed is often given by the characteristic ratio C∞ where 
 
𝐶𝐶∞ = 𝑏𝑏2𝑎𝑎2 (1-6)  
 
C∞ depends on the polymer structure and can be calculated either experimentally or theoretically 
with the value for PE determined at 6.8.35 
The phantom chain assumption is of course also not correct for real molecules, as the molecules 
have volume and no two parts of the polymer can occupy the same place at the same time. This 
leads to chain uncrossability (the chain cannot intersect with itself) and the path that is followed by 
the molecule is now called a self-avoiding random walk where the square root of the average end-
to-end distance is given by 
 �< 𝑅𝑅2 > = 𝑎𝑎𝑁𝑁𝑣𝑣 (1-7)  
 
The exponent ν would be 0.5 for the random walk but is greater for the self-avoiding walk, which 
means the polymer coil is swollen due to the uncrossability. ν is estimated by simulations and 
calculations to a value of 0.588.34 
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The above is true for a single chain in a vacuum without any interactions by the surrounding media. 
In general this is not true and attractive and repulsive interactions from the surrounding solvent will 
play a role in the polymer conformation. If the attractive and repulsive interactions cancel each 
other out exactly the polymer will behave as in a random walk and the polymer is in θ-conditions. If 
the attractive interactions are prevalent the coil will swell and if the repulsive interactions are 
stronger the polymer will shrink. In a melt the chain is surrounded by similar molecules of the same 
polymer. For a long time it was thought that chains behaved as ideal random walks in melts (and 
very concentrated solutions).  This Flory ideality hypothesis36 stated that intrachain excluded-volume 
forces (which would cause the coil to swell) were compensated by interchain excluded-volume 
forces. However, recently Wittmer et al.37 showed that there are some noticeable deviations from 
the ideal random walk and the chain swells slightly in the melt. 
1.4.1.1 Rouse model 
An important model to look at single chains in a polymer melt was developed by Rouse.38 It 
represents a polymer molecule as a chain consisting of N beads connected by springs where the 
beads only interact with each other through the springs (Figure  1-6). 
 
Figure  1-6: Representation of the Rouse model where a polymer chain (left) is modelled as N 
beads connected by springs (right).  
Each bead has its own independent friction coefficient ζ so that the total friction is 
 𝜁𝜁𝑅𝑅 = 𝑁𝑁𝜁𝜁 (1-8)  
 
and the diffusion coefficient DR for the whole Rouse chain becomes 
 
𝐷𝐷𝑅𝑅 = 𝑘𝑘𝐵𝐵𝑇𝑇𝜁𝜁𝑅𝑅  (1-9)  
 
with kB the Boltzmann constant and T the absolute temperature. Related to DR is the Rouse time τR, 
which is the time it takes for a polymer chain to diffuse a distance of the order of its size. 
Chapter 1 
11 
 
 
𝜏𝜏𝑅𝑅 = 𝑅𝑅2𝐷𝐷𝑅𝑅 = 𝜁𝜁𝑘𝑘𝐵𝐵𝑇𝑇𝑁𝑁𝑅𝑅2 (1-10)  
 
where R is the end-to-end distance of the Rouse chain. For time scales larger than the Rouse time a 
polymer chain acts like a simple viscous material, while on shorter time scales the material behaves 
in a viscoelastic way, storing some energy elastically.  
The Rouse theory is useful to describe non-entangled systems or systems on such short timescales 
that influences from entanglements are not yet noticed. For entangled systems, such as 
concentrated solutions and polymer melts, another approach is needed, which is summarised in the 
next section. 
1.4.2 Reptation model 
To completely describe relaxation behaviour in polymer melts one would have to use a many-body 
system consisting of polymer chains surrounded by other similar chains. However, this many-body 
problem can be replaced with the much simpler ‘reptation model’ by considering a single polymer 
molecule in the polymer melt surrounded by its neighbouring polymers, leading to this single chain 
being confined in a virtual tube made of constraints imposed by its neighbours. The neighbouring 
molecules act as constraints because the polymer chains are not able to cross each other. The 
confining tube is visualised schematically in Figure  1-7 where the primitive path can be defined as 
the shortest pathway through the tube that has the same topology as the real chain in relation to 
other polymer chains. Edwards first mathematically described such topological confinement on the 
basis of rubber elasticity theory.39 
 
Figure  1-7: Schematic representation of the confining tube model with the black polymer chain 
forming entanglements with the blue polymer chains, thereby confining it to a tube-like 
environment (grey solid lines) with the primitive path being the dashed grey line. 
Chapter 1 
12 
 
Fast Rouse motion of the chain moving around its primitive path occurs within chain segments 
corresponding to the average distance between consecutive entanglements (or tube diameter) with 
characteristic time τe = τR/Z2 which is the time taken for chain segment of molar mass Me to 
completely relax. In 1971 De Gennes40 proposed that at longer times, when the movement of chains 
in the perpendicular direction to the tube is hindered by entanglements, fast Rouse movement is 
just a fluctuation around the primitive path and the pathway of the confined chain is limited to one 
dimension along its tube. Because of this the chain dynamics due to Brownian motion can be seen as 
the polymer chain reptating (moving in a snake-like motion) out of the confining tube and into a new 
environment, consisting of another virtual tube. Doi and Edwards based their theory on this model 
to describe the dynamics of mono-disperse polymer melts and concentrated solutions.41,42 
1.4.2.1 Modifications on reptation model 
Since the original work by Doi and Edwards, several modifications have been made on the tube 
model to better describe experimental results. The two most important improvements in the linear 
viscoelastic regime are Contour Length Fluctuation (CLF) and Constraint Release (CR), which are 
briefly discussed here. A recent review on advances in tube theory and models based on it was 
published by Van Ruymbeke et al.43 
CLF deals with the fact that according to the Doi-Edwards model the zero-shear viscosity should 
scale with Mw3.0 while the experimentally determined exponent is 3.4 for intermediate molar masses. 
This discrepancy originates from a relaxation process that relaxes a portion of the chain on a 
timescale shorter than reptation44 and CLF was proposed as this fast relaxation process. The concept 
was first introduced by Doi in 198345 and consists of contraction and stretching of the chain along 
the tube caused by thermal fluctuations. All along the tube and especially at the ends of the tube the 
chain can contract into the tube and then stretch out again due to Brownian motion. During this 
process the orientation of the chain at the tube end is forgotten and some stress (coming from the 
alignment of those portions of the tube) is relaxed faster than it would be by reptation. At higher 
molar masses (with Z > 200, translating to Mw > 3 x105 g/mol for polyethylene) this relaxation 
process, which is concentrated at the chain ends, becomes negligible and the viscosity starts to scale 
with Mw3.0. The theory was later refined by Milner and McLeish.46  
The constraints that make up the confining tube are not fixed points but consist of other polymer 
chains which can relax and reptate in their own right. When one molecule reptates, it will release 
some entanglements or constraints on other chains in a process called Constraint Release. This is 
especially evident in blends with a bimodal molar mass distribution consisting of a low Mw 
component and a high Mw component. In these systems the relaxation behaviour of the high molar 
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mass chains depends on the Mw and concentration of the lower molar mass material.47,48 The 
amount of stress that is relaxed on the timescale of relaxation of the low Mw component is a higher 
percentage of the total stress than expected from the volume fractions.49 This means some fraction 
of the stress from the high Mw chains is relaxed due to relaxation of the low Mw chains. 
At low enough strain (or stress) the viscoelastic properties of the polymer are not dependent on the 
stress or strain levels imposed during the experiment, and the polymer is considered to be in the 
linear regime. When going to higher strains and thus into the non-linear viscoelastic regime another 
important modification can be made to the Doi-Edwards model by including Convective Constraint 
Release. When the material experiences a large strain or deformation it is possible that the tube 
itself will be deformed during the experiment. This convective flow of chains can cause the release 
of entanglement constraints that these chains impose on other polymer molecules. This theory was 
incorporated into the Doi-Edwards model by Milner et al.50 and later by Graham et al.51 who 
included chain stretch as well. 
1.4.3 Relaxation modulus 
In step strain or stress-relaxation tests a certain strain is applied to the test material and kept 
constant while the resulting stress is measured as a function of time. The relaxation modulus G(t) is 
then defined as the stress σ  at time t divided by the applied strain γ0 
 
𝐺𝐺(𝑡𝑡) = 𝜎𝜎(𝑡𝑡)
𝛾𝛾0
 (1-11)  
 
G(t) is independent of the initially applied strain when in the linear viscoelastic regime. Because it is 
important to measure the viscoelastic response on different time scales the stress-relaxation is often 
measured as an oscillatory shear measurement, where a sinusoidal strain with angular frequency ω 
is applied instead of a step-strain. In this way different time scales can be investigated by simply 
changing the frequency. The stress generated during the experiment is now also sinusoidal with the 
same frequency as the strain but, depending on the material and timescale investigated, it might be 
out of phase by a phase angle δ. 
 𝜎𝜎(𝑡𝑡) = 𝜎𝜎0sin (𝜔𝜔𝑡𝑡 + 𝛿𝛿) (1-12)  
 
For an ideal elastic solid δ = 0 and the stress is completely in phase with the strain while for an ideal 
viscous material (Newtonian liquid) the stress is exactly out of phase and lags behind the strain by δ 
= π/2. For a viscoelastic material such as a polymer melt the stress can be split into two sinusoidal 
functions, both with the same frequency as the strain but one in phase with the strain and one out 
of phase by π/2. 
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 𝜎𝜎(𝑡𝑡) = 𝛾𝛾0[𝐺𝐺′(𝜔𝜔) sin(𝜔𝜔𝑡𝑡) + 𝐺𝐺′′(𝜔𝜔) cos(𝜔𝜔𝑡𝑡)] (1-13)  
 
G’ is called the storage or elastic modulus and G’’ is named the loss modulus. The ratio of the loss 
modulus to the storage modulus is the tangent of phase angle δ. 
 tan (𝛿𝛿) = 𝐺𝐺′′
𝐺𝐺′
 (1-14)  
 
Measuring G’ and G’’ as a function of frequency while keeping a constant strain amplitude, within 
the linear viscoelastic regime, in a frequency sweep experiment yields a viscoelastic spectrum as 
shown in Figure  1-8 for UHMWPE with different Mw in the frequency range of 10-3 to 102 rad/s.  
 
Figure  1-8: Elastic (solid symbols) and loss (empty symbols) modulus for UHMWPE with Mw of  
1.2 x106 (PE_1.2), 2.3 x106 (PE_2.3) and 5.6 x106 (PE_5.6) g/mol. 
G’ has a plateau spanning several decades at high frequencies in which region the free Rouse 
dynamic of the chain is restricted by the tube formed of entanglements from neighbouring chains. 
The value of G’ in the plateau can be related to the molar mass between entanglements by rubber 
elasticity theory as explained further in the next section. The elastic modulus then falls off at lower 
frequencies where the polymer chains have time to relax (some of) the stress imposed on them by 
diffusing through the tube. This happens at lower frequencies when Mw increases as longer chains 
need more time to move cooperatively. G’’ start lower than G’ because at short timescales most of 
the energy is elastically stored instead of dissipated. The loss modulus then rises with decreasing 
frequency as the balance between elastic and viscous reaction shifts towards the viscous behaviour, 
reaching a maximum before decreasing. An important point is the (low frequency) modulus cross-
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over where G’ and G’’ have the same value and consequently where tan (δ) is equal to one. This is 
where the polymer goes from behaving like an elastic material at high frequencies to a viscous 
behaviour at low frequencies. In monodisperse polymer systems the frequency corresponds to the 
inverse of the disengagement time of the polymer, which is the time needed for the chain to move a 
total distance in the order of its length. The cross-over shifts to lower frequencies with increasing Mw 
and is an important data point for the Mw and polydispersity determination. At low frequencies in 
the terminal regime G’ and G’’ theoretically scale with frequency as G’ ~ ω2 and G’’ ~ ω and 
therefore the logarithmic slopes approach two and one respectively. It is worth noting that for the 
materials discussed in this thesis the polydispersity index is 2.0 or higher, which influences terminal 
relaxation behaviour so that the slopes of two and one are never reached. More information on 
frequency sweeps of UHMWPE can be found in Talebi et al.52 and chapter  2 through  4 of this thesis. 
1.4.4 Equilibration of nascent disentangled UHMWPE 
When nascent “disentangled” UHMWPE is first heated above its melting temperature a non-
equilibrium melt state is formed due to the low number and heterogeneous distribution of 
entanglements. Once in the melt, the polymer will equilibrate by further entanglement formation 
until the thermodynamically favourable equilibrium state is reached having a homogeneous 
distribution of entanglements. During equilibration the dynamic moduli of the melt increase from a 
relatively low value in the nascent state to the eventual equilibrium moduli. The moduli can be easily 
monitored in time by oscillatory rheometry, an example of which is given in Figure  1-9. Specifically, 
the variable monitored during equilibration of the nascent UHMWPE is G’, measured at a frequency 
within the rubbery plateau region (see Figure  1-8) because this value can be directly related to the 
molar mass between entanglements.  
The rubbery plateau modulus GN in the viscoelastic spectrum is a characteristic of the molecular 
configuration of a polymer, though a slight dependence on molar mass (GN ~ Mw0.1 approximately) is 
expected from theoretical tube models but hard to verify accurately by experiments.53 The plateau 
modulus can be accurately determined by either taking G’ at the frequency where G’’ reaches a 
minimum or by integration over the terminal relaxation peak of G’’ as 𝐺𝐺𝑁𝑁 = 2/𝜋𝜋 ∫ 𝐺𝐺′′(𝜔𝜔)𝑑𝑑𝑑𝑑𝑑𝑑𝜔𝜔∞−∞ .54 
However, for the UHMWPEs discussed in this thesis neither the G’’ minimum nor enough 
information on the terminal relaxation peak are easily attainable. Since GN is only used to follow the 
equilibration process and no strict quantification is needed throughout this thesis, GN is measured as 
G’ at ω = 10 rad/s. If entanglements are considered as permanent crosslinks at these frequencies, 
classical rubber elasticity theory relates GN to the molar mass between entanglements Me: 
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𝐺𝐺𝑁𝑁 = 𝑔𝑔𝑛𝑛 𝜌𝜌𝑘𝑘𝑏𝑏𝑇𝑇𝑁𝑁𝐴𝐴𝑀𝑀𝑒𝑒  (1-15)  
 
Here GN is the plateau modulus, ρ the melt density, kb the Boltzmann constant, NA Avogadro’s 
number, T the absolute temperature and Me the molar mass between entanglements. gn is a 
numerical pre-factor with a value of 1 or 4/5 depending on the precise definition of Me.55 In this 
thesis a pre-factor of 4/5 is used considering 1/5 of the stored stress to be relaxed by longitudinal 
motions of the chain after a step deformation.56 While this equation is only strictly valid for a system 
in equilibrium, it is assumed that even in systems out of equilibrium (such as a melt of nascent 
disentangled UHMWPE before reaching equilibrium) a lower modulus is indicative of a higher Me 
and thus a lower entanglement density. This strengthens the idea that the polymer is entangling 
during the modulus build-up. 
 
Figure  1-9: Example of the increase (build-up) of the elastic modulus (G’) in time when a nascent 
UHMWPE material is heated above its melting temperature. Two distinct regimes (R1 and R2) with 
different slopes can be detected. tm is the total entanglement time, defined as the time it takes to 
reach 98% of the plateau value for the modulus.57 
Two distinct regimes in the elastic modulus build-up during equilibration can be seen. Regime 1 (R1) 
is the fast increase in modulus at short times caused by polymer chain explosion,58,59 which takes 
place quickly in the order of the Rouse time (1-10 s) and subsequent entropic mixing governed by 
segmental dynamics. At this point the polymers are essentially in a disentangled state and will start 
to mix and entangle, leading to an immediate entropic gain and the quick increase in modulus. In 
regime 2 (R2) the chains have formed enough constraints for slower reptation dynamics to dominate 
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while the melt evolves towards equilibrium. The total entanglement time (tm) is defined as the time 
it takes to reach 98% of the plateau value for the modulus. 
The time it takes for the melt to fully equilibrate is dependent on the molar mass of the polymer, i.e. 
a polymer with a higher Mw takes longer to complete the modulus build-up.60 Lippits61, Talebi62 and 
Pandey et al.63 conclusively showed that the molar mass dependency on equilibration time follows a 
power law with total entanglement time tm increasing with Mw2.6. This build-up process is not unique 
to PE, as Wang et al.64 showed a similar process for less entangled polypropylene. 
 
Figure  1-10: Dynamic time sweep of UHMWPE samples with Mw of 1.2 x106 (PE_1.2), 2.3 x106 
(PE_2.3) and 5.6 x106 (PE_5.6) g/mol showing the modulus build-up during equilibration.  
Figure  1-10 shows the elastic modulus build-ups during equilibration of UHMWPE polymers with Mw 
of 1.2 x106 (PE_1.2), 2.3 x106 (PE_2.3) and 5.6 x106 (PE_5.6) g/mol. Apart from showing time 
dependency of the build-up on Mw it also shows that the starting modulus varies with Mw. The 
majority of the entanglements in the nascent polymer are formed at the start of the reaction and 
the total number of entanglements does not increase much after the first crystals have formed. The 
entanglement density is therefore higher for polymers with lower molar mass and the modulus 
directly after melting is the lowest for the polymer with the highest Mw because the amount of 
entanglements at the start is ‘diluted’ in time during synthesis. More information on build-up 
behaviour of UHMWPE can be found in Pandey et al.65 and chapter  2 through  4 of this thesis. 
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Peculiar build-up or equilibration behaviour is observed when nascent UHMWPE is annealed at a 
temperature just below the melting point for a period of up to 24 hours prior to melting the material 
and starting the build-up, as shown by Rastogi et al.66 At the start of the build-up the annealed 
polymer does not equilibrate as fast as the nascent material and in the end it does not reach the 
normal plateau modulus value but stays in a lower modulus non-equilibrium state that is stable for 
multiple days. When the polymer is repeatedly crystallised and melted the modulus increases with 
each repetition until the normal equilibrium value is reached. Rastogi and coworkers explained this 
by introducing a specific metastable melt state with a heterogeneous distribution of entanglements. 
When the polymer is annealed part of the crystals start melting from the chain ends and these ends 
can start forming entanglements. The entangled domains constrain the chain explosion on full 
melting and prevent the remaining crystalline segments to fully entangle, leading to regions with 
either a low or high entanglement density (Figure  1-11). This specific heterogeneous distribution 
stays constant in time, in contrast to the non-equilibrium melt state with heterogeneous distribution 
of entanglement density that is obtained on direct melting, which equilibrates in time to a 
homogeneous melt. A theoretical explanation for this was later proposed by McLeish67, linking the 
heterogeneity with a free energy barrier that must be passed to get to the equilibrium state which 
gets larger at high molar masses. 
 
Figure  1-11: Schematic representation of the melting of UHMWPE crystals by fast heating (top, 
eventually leading to a homogenous melt with an even distribution of entanglements) and by 
annealing followed by fast heating (bottom, leading to heterogeneous distribution of 
entanglement density). Reproduced from Rastogi et al.66 
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1.5 Aim and scope of this thesis 
The main aim of this thesis is to investigate the influence of a non-equilibrium melt state on the 
physical properties of high molar mass linear polymers. This is achieved using a specific ultra-high 
molecular weight polyethylene (UHMWPE) material which is synthesised in such a way that the 
nascent polymer has a heterogeneous distribution of entanglements with a higher average molar 
mass between entanglements Me than polyethylene in equilibrium. Once molten, a non-equilibrium 
melt state is obtained where Me decreases monotonically in time due to formation of new 
entanglements until equilibrium is reached, where the entanglement density is uniform and 
constant. The equilibration is slow enough that rheological techniques can be used during the 
process and the relaxation behaviour can be linked to the entanglement density, given by the 
increasing elastic modulus in the rubbery plateau region. The thesis uses protonated and deuterated 
UHMWPE homopolymers as well as block copolymers containing blocks of both isotopes to induce 
thermal and scattering contrast. Rheological, thermal and scattering techniques are used to 
investigate the equilibration process, either in situ in the melt or after crystallisation at different 
times during the equilibration. Additionally, an isothermal crystallisation step can be added to the 
cooling procedure instead of directly cooling the polymer to room temperature and the influences of 
the isothermal crystallisation temperature on crystal morphology are also studied. 
1.6 Outline of this thesis 
This thesis consists of 7 chapters and can be split into two main parts. Chapter  2 and  3 focus on 
rheology, and deal with changes in rheological properties, specifically increasing relaxation times 
and viscosity, during the equilibration process of an UHMWPE melt transitioning from its nascent 
state of low entanglement density to its equilibrium state. First a simple model is proposed to 
describe the increase in elastic modulus during equilibration considering two regions in the 
equilibration relating to fast segmental dynamic and slower diffusion dynamic. Step strain 
experiments are used in chapter  2 to show a direct relationship between the instantaneous elastic 
modulus and the longest relaxation time of the polymer chains. The relationship is then used to 
renormalize stress relaxation curves, started at various points while equilibrating, onto the 
equilibrium relaxation modulus. This shows a clear relation between constraint renewal processes in 
the non-equilibrium melt state and its relaxation towards thermodynamic equilibrium. The chapter 
also shows that entanglements restrict Rouse dynamics even in a non-equilibrium melt with less 
than half the amount of entanglements compared to a melt in equilibrium. Chapter  3 switches to 
step stress experiments in equilibrated UHMWPE in order to exploit the better accuracy at longer 
times and shows how it is possible to adapt a method from micro-rheology to numerically convert 
the creep compliance to the relaxation modulus. Step stress experiments started in the non-
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equilibrium melt during the equilibration process are used to show a progressive change in creep 
compliance depending on the distance from equilibrium. Time translational invariance of the non-
equilibrium melt can be regained by transitioning to an effective time domain where the time-
dependencies of the viscosity and chain relaxation time are taken into account.  
Chapter  4 through  6 use the similarities and differences between protonated and deuterated 
UHMWPEs, specifically the different melting points and immiscibility of the two isotopically different 
polymers, to further investigate physical properties of UHMWPE. To this end, chapter  4 describes 
the synthesis of fully deuterated analogues of disentangled nascent UHMWPE with two different 
molar masses, as well as the synthesis of block copolymers of UHMWPE with protonated and 
deuterated blocks. Rheological and thermal properties of these materials as well as the method to 
approximate the molar masses of the block copolymers are discussed. A long-lasting non-equilibrium 
state is found in the block copolymers due to inhibited entanglement formation caused by entropic 
barriers between the isotope regions. Chapter  5 exploits the difference in melting temperature 
between protonated and deuterated UHMWPE by using an isothermal crystallisation technique in 
Differential Scanning Calorimetry to investigate the melting behaviour of the separate isotope 
regions in the block copolymers and its dependence on the crystallisation method and temperature. 
Chapter  6 uses neutron scattering to investigate the crystalline morphologies of the deuterated 
homopolymer where differences in scattering factor are discussed depending on the crystallisation 
method and the thermodynamic state of the polymer melt prior to crystallisation. Neutron 
scattering is also used on block copolymers to characterise the separation of the isotope regions and 
give more evidence of the long-lasting non-equilibrium state in the melt of these materials. Chapter 
7 summarises the most important results and conclusions of the previous chapters and gives 
suggestions for the direction a continuation of this work could take. 
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2  Stress relaxation response of non-equilibrium polymer melts 
 
 
 
Abstract 
In this chapter the influence of entanglement density on the constraint renewal time is studied 
experimentally in transitory non-equilibrium melts of Ultra-High Molecular Weight Polyethylene. The 
entanglement density, as quantified by the rubber elasticity, increases as the linear polymer melt 
transforms into the equilibrium state. The relaxation modulus obtained from linear step-strain 
deformations, performed at different points during the equilibration, shows an increase in constraint 
renewal time as the entanglement density increases. The normalised relaxation modulus curves 
collapse onto a single curve by rescaling the time axis with a factor 𝐺𝐺′���(𝑡𝑡)0.9 (where 𝐺𝐺′���(𝑡𝑡) is the 
normalised instantaneous modulus). These findings suggest that, though the relaxation time 
increases with the increasing number of entanglements, the mechanism responsible for stress 
relaxation, after application of step-strain, is similar to that in a fully entangled melt. 
 
 
 
 
 
 
 
 
 
This chapter is partially based on Andablo-Reyes, E. A.; De Boer, E. L.; Romano, D.; Rastogi, S., J. 
Rheol., 2014, 58, 1981-1991. 
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2.1 Introduction 
Temporary polymer melt states with lower entanglement density compared to equilibrium are 
commonly found in spin-cast polymer films1,2, polymers freeze-dried from solution3 and semi-
crystalline polymers with reduced entanglement density in their amorphous regions. 4  These 
transitory non-equilibrium states are identified by their lower resistance to mechanical deformation 
compared to the equilibrium state. Their resistance increases during the equilibration process until 
the melt reaches the fully entangled state. The time required for the melt to reach equilibrium 
exceeds by at least one order of magnitude the equilibrium constraint renewal time. This 
observation raises the question: How is the chain constraint renewal process influenced by non-
equilibrium entanglement distributions? Usually, changes in the non-equilibrium melt state are 
followed by measuring the evolution in time of either rubber elasticity, G’, or viscosity, η. However, 
neither of these quantities alone is able to explore the constraint renewal process. Rubber elasticity 
on one hand is measured at frequencies in the so called plateau region and thus contains little 
information about reptation.5,6 On the other hand, zero shear viscosity is, at equilibrium, given by η0 
= 0.822GN∙τd, where GN is the equilibrium plateau modulus and τd the longest relaxation time.7 Thus 
it might be expected that, also in non-equilibrium conditions, η0 contains combined information on 
both elasticity and relaxation dynamics.  
Using controlled synthesis techniques, it is feasible to synthesise linear polyethylenes having more 
than 1 x105 methylene units. On crystallisation from dilute solution, these units tend to fold back 
and forth within platelet-like crystals having a thickness of approximately 12 nm.8,9,10 The nature of 
folding, either adjacent or non-adjacent re-entry, and the sharing of methylene segments with the 
neighbouring crystals both influence the formation of entanglements in the amorphous region of the 
semi-crystalline polymer. 11  The resulting polymers have a heterogeneous distribution of 
entanglements located in the amorphous regions between crystals and, on melting the semi-
crystalline material, a non-equilibrium melt state is obtained that has a higher average molar mass 
between entanglements and tends to reach the equilibrium state with time. The time required for 
the transition from the non-equilibrium to the equilibrium melt depends on the entangled state in 
the amorphous region and the chain length.12,13 As discussed in chapter  1.3.2 it is possible to tailor 
the entanglement conditions and molar mass directly by crystallisation during synthesis, instead of 
crystallisation from dilute solution. On melting of these “disentangled” crystals, the resulting non-
equilibrium melt state can be observed for several hours.4 This provides the opportunity in terms of 
experimental time to apply conventional linear rheological techniques to study the average chain 
dynamics in non-equilibrium conditions. The equilibration process of a non-equilibrium ultra-high 
molecular weight polyethylene (UHMWPE) melt is characterised by the monotonic increase of its 
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rubber elasticity in time (modulus build-up). The modulus build-up is associated with entanglement 
formation as chains reconfigure to increase the melt entropy. The elastic modulus, measured at a 
frequency in the plateau region, increases until it reaches its value at equilibrium GN, mathematically 
described by eq 2-1.5 
 
𝐺𝐺𝑁𝑁 = 45𝜌𝜌𝑘𝑘𝐵𝐵𝑇𝑇𝑁𝑁𝐴𝐴𝑀𝑀𝑒𝑒  (2-1)  
 
Here, ρ is the melt density, T the absolute temperature, kB the Boltzmann constant, NA Avogadro’s 
number and Me the molar mass between entanglements. The time tm required to complete the 
modulus build-up depends on the weight-average molecular weight Mw following the proportionality 
tm ~ Mw2.6.13 Thus UHMWPE melts having Mw greater than 1.0 x106 g/mol take a long time to 
equilibrate, providing the opportunity to study the influence of physical chain interaction via 
entanglements in the constraint renewal process compared to the equilibrium melt state.  
In this chapter, these long lasting non-equilibrium melt states are addressed by means of linear step 
strain rheology. After applying a sudden deformation, the continuous decrease in stress is related to 
the escape of chains from their initial constraints, thus renewing their surroundings. Hence, such 
experiments provide information on changes in the chain constraint renewal process as the melt 
traverses from the non-equilibrium to the thermodynamic equilibrium state. The non-equilibrium 
polymer melt state is obtained on melting of semi-crystalline UHMWPE having the reduced number 
of entanglements in the amorphous phase. 
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2.2 Experimental 
2.2.1 Materials 
Bis[N-(3-tert-butylsalicylidene)pentafluoroaniline]titanium (IV) dichloride pre-catalyst is used as 
received from MCat. Toluene (anhydrous 99.9%) is obtained from Sigma-Aldrich and ethylene (grade 
3.5) is purchased from BOC. MAO (10% by weight in toluene) is supplied by Albemarle. Irganox 1010 
from BASF is added to the polymer as antioxidant. Manipulations of air and moisture-sensitive 
compounds are performed under nitrogen or argon atmosphere using standard high-vacuum 
Schlenk techniques or in a glovebox. 
2.2.2 Polymerisation procedure 
All polymers used in this thesis are synthesised using a bis-phenoxyimine titanium (IV) catalyst 
(Bis(N-(3-tert-butylsalicylidene)-2,3,4,5,6-pentafluoroaniline)2TiCl2, Figure  1-4) activated by 
methylaluminoxane (MAO). Reaction conditions are controlled in order to synthesise UHMWPE 
crystals with a lower number of entanglements in the nascent state. The polymer synthesis is carried 
out according to the procedure described by Romano et al.14, which will be summarised here and 
will be considered as the standard synthetic procedure. Changes to the procedure specific to a 
chapter will be discussed in the appropriate section of the respective chapter.  
An overnight dried cylindrical jacketed reaction vessel of 2.0 L reaction volume equipped with a 
mechanical stirrer, a thermometer probe, an injection pipe and a pressure gauge is flushed with 
nitrogen three times to remove the remaining impurities and residues of oxygen and water. 1.5 L of 
anhydrous toluene is introduced at room temperature into the reaction vessel. The reactor 
temperature is set and maintained at 10 °C by a thermostat with feedback loop controlled through 
the temperature probe. 12 ml of MAO is prepared in a glovebox and introduced into the reactor 
vessel as scavenger. The nitrogen is then replaced by ethylene gas, and the solvent is saturated at 
the required partial pressure of 1.0 bar, where it will be controlled for the rest of the reaction time. 
7 mg of catalyst is then weighted and activated by dissolving it in a mixture of 1 ml of toluene and 1 
ml of MAO. The polymerisation is initiated by addition of the catalyst solution. After the required 
reaction time the reaction is quenched by addition of 10% (by volume) of hydrochloric acid in 
methanol in order to prevent formation of aluminiumoxide, which can hinder rheological 
characterisation. The resulting UHMWPE is filtered and then washed with copious amounts of 
methanol and acetone, after which 0.7 wt% of Irganox 1010 is added as an antioxidant to prevent 
oxidative degradation, and the polymer is dried overnight under vacuum at 40 °C, yielding the 
nascent materials as a white flaky powder. Reaction time is varied to tailor differences in molar mass 
and entangled state of the crystals. In this chapter polymers synthesised using reaction times of 10 
and 30 min are used. These reaction times correspond to weight average molar masses of 2.3 x106 
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and 5.6 x106 g/mol respectively and the resulting polymers will be denoted as PE_2.3 and PE_5.6 
because of this. More detail on molar mass determination of these materials can be found in 
section  2.3.1 of this chapter. 
2.2.3 Rheological characterisation 
In order to perform the rheological characterisation, polymers are sintered by compression 
moulding into discs with a thickness of approximately 0.8 mm and a diameter of 12 mm. Sintering is 
carried out at a constant temperature of 125 °C for 20 minutes using an average force of 20 tons. 
All rheological measurements described in this chapter are performed in a TA Instruments, strain 
controlled rheometer (ARES LS2) using a 12 mm parallel plate geometry. During measurements, 
polymers are kept under nitrogen atmosphere provided by a convection oven. The polymer is taken 
to the melt state by increasing the temperature at a constant rate of 10 °C/min from 110 °C to 
160 °C, about 20 °C above the equilibrium melting temperature of polyethylene. All further 
characterisations are performed at a constant temperature of 160 °C. Oscillatory time experiments 
were carried out at a frequency of 10 rad/s, which is within the rubber elasticity plateau region even 
out of equilibrium as shown in chapter  2.3.2 (Figure  2-3). Both oscillatory time and oscillatory 
frequency sweeps are performed using 0.5 % strain, which was confirmed to be in the linear 
viscoelastic regime by carrying out an amplitude sweep from 0.05 to 1.0 % strain before the start of 
these measurements. 
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2.3 Results and discussion 
2.3.1 Modulus build-up and molar mass determination 
The linear elastic modulus G’ at fixed frequency and strain amplitude (10 rad/s, 0.5 % strain) of two 
different UHMWPE samples is measured as a function of time, starting 90 s after the experimental 
temperature of 160 °C is reached. Figure  2-1a shows the modulus build-up of PE_2.3 and PE_5.6 
after melting. In agreement with previous work,4,12,13 the differences between the initial values of G’ 
are related to entanglement density of the nascent polymer with the lower modulus corresponding 
to the lower entanglement density. Additionally, the modulus build-up time suggests significant 
differences in molar mass of the two samples. To recall, the modulus build-up time tm rescales with 
the weight-average molar mass as tm ~ Mw2.6. In order to estimate the molar mass distribution of the 
polymers, dynamic oscillatory frequency sweep and step-strain tests are performed in the linear 
regime, after the polymer has reached its equilibrium state. The relaxation modulus G(t) obtained 
from step-strain experiments is Fourier transformed to obtain the elastic G’ and viscous G” moduli. 
More details on the transformation of G(t) are given in further discussion. The viscoelastic functions 
(G’ and G”), obtained by combining these tests, correspond to linear polymers with longest 
relaxation times τd around 300 and 5000 s, Figure  2-1b. The times are calculated as the reciprocal of 
the G’/G” cross-over frequency. A longer relaxation time refers to higher weight average molar mass.  
 
Figure  2-1: a) Build-up of elastic modulus G’ of UHMWPE polymers PE_2.3 and PE_5.6 with 
respective molecular weights of 2.3 x106 and 5.6 x106 g/mol. b) Oscillatory frequency sweeps 
performed in the equilibrium melt state of PE_2.3 and PE_5.6. Filled symbols refer to elastic 
modulus G’ while the unfilled symbols denote loss modulus G’’. To extend the frequency regime 
and obtain the modulus cross-over for PE_5.6, crossed symbols are values obtained on 
transformation of the relaxation modulus (obtained with a step-strain test at equilibrium) to the 
frequency domain. 
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Due to the very high molar masses and insolubility of UHMWPE it is not possible to determine Mw 
and molecular weight distribution (MWD) with conventional techniques such as Gel Permeation 
Chromatography. To estimate the molar mass distribution from the relaxation moduli the inversion 
method developed by Mead15 is used, as implemented in the TA Orchestrator software. A unimodal 
Schulz distribution is assumed in combination with the double reptation mixing rule and the 
following parameters for the calculation: GN = 2.0 x106 Pa; relaxation time exponent = 3.4 and Me = 
1900 g/mol. These parameters have been used successfully in earlier work for the same purpose in 
UHMWPEs having a similar range of molar masses and synthesised in a similar manner.16 Using 
Mead’s method in this way, molar masses Mw of the polymers are estimated at 2.3 x106 and 5.6 x106 
g/mol with polydispersity index Mw/Mn of 2.0 and 3.0, respectively. Hereafter, the two polymers will 
be referred as PE_2.3 and PE_5.6. Table  2-1 summarises the material properties and fitting 
parameters that are used in the discussion of this chapter. 
Table  2-1: Material properties and fitting parameters of the polymers investigated in this chapter. 
Polymer Mw a 
(x106 g/mol) 
Mw/Mna τRa 
(s) 
τmaxb 
(s) 
G’1c G’2c τm1c 
(s) 
τm2c 
(s) 
PE_2.3 2.3 2.0 0.08 400 0.55 0.1 5300 36000 
PE_5.6 5.6 3.0 0.8 5100 0.49 0.3 6000 56500 
aDetermined by linear rheology 
bFrom fit of equilibrium stress relaxation (eq 2-3) 
cFrom fit of the build-up curves (eq 2-2) 
The exact value of Me for polyethylene at equilibrium has been disputed in literature, with values 
ranging from 800 to 2400 g/mol.17,18 One could also argue that at these very high molar masses the 
influence of chain length fluctuations is negligible and the relaxation time exponent should converge 
to the limiting value of a pure reptation process (τd ~ Mw3.0). Molar mass estimations using this time 
exponent as well as the limits of the Me values in literature are given in Table  2-2. These calculation 
use an equilibration time τe = 1.2 x10-8 s, which was extrapolated from an estimation done at 190 °C 
by using the Arrhenius model19 and assuming a flow activation energy of 26 kJ/mol.20 As mentioned, 
pure reptation might be assumed due to the large molar mass of the polyethylene melts studied 
here.21 Values of the molar mass shown in Table  2-2 differ by a factor of at most 2.4, while values of 
molar mass and molar mass distribution assuming a molar mass between entanglements Me = 1250 
g/mol and pure reptation match the values obtained assuming Me = 1900 and τd ~ Mw3.4. As the 
interest is not specifically on molar mass dependence in this thesis, 1900 g/mol is used for Me as an 
average value for estimations of molar mass (distribution) and Rouse times to keep in line and 
compare with earlier work.  
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Table  2-2: Estimation of molar mass, polydispersity index (PDI = Mw/Mn) and Rouse times for 
different values of average molar mass between entanglements Me using the double reptation 
model assuming relaxation occurs by pure reptation (τd ~ Mw3.0) and τe = 1.2 x10-8 s. 
Polymer Me (g/mol) Mw (x106 g/mol) PDI τR (s) 
PE_2.3 820 1.6 2.5 0.05 
 1250 2.3 2.5 0.05 
 1900 3.6 2.5 0.05 
PE_5.6 820 3.9 4.2 0.35 
 1250 5.5 4.2 0.36 
 1900 8.9 4.4 0.36 
 
As mentioned above, eq 2-1 establishes a proportionality between the plateau modulus and the 
entanglement density in the melt, which is strictly valid only under equilibrium conditions, where the 
polymer chains are modelled as Gaussian walks. It is assumed that this proportionality still holds in 
the non-equilibrium melt state as proposed by Teng et al.22 This assumption is needed to follow the 
kinetics of entanglement formation. If the rate of increase of G’ is supposed to be proportional to 
the difference (GN – G’(t)), the elastic modulus will increase following  
 
𝐺𝐺′(𝑡𝑡) = 𝐺𝐺𝑁𝑁 −�𝐺𝐺′𝑖𝑖exp (−𝑡𝑡/𝜏𝜏𝑚𝑚𝑖𝑖)𝑁𝑁
𝑖𝑖=1
 (2-2)  
 
where G’i is the increment in elasticity corresponding to the relaxation mode with characteristic time 
τmi. Two modes are necessary to fit the curves in Figure  2-1a, corresponding to the two build-up 
regimes previously defined for similar UHMWPE materials.13 The modes are designated ‘seg’ for the 
first regime (i = 1) and ‘rep’ for the second regime (i = 2). 
The fitting values are τseg = 5300 s, τrep = 36000 s, G’seg = 0.55*GN and G’rep = 0.1*GN for PE_2.3 and τseg 
= 6000 s, τrep = 56500 s, G’seg = 0.49*GN and G’rep = 0.3*GN for PE_5.6. The first regime (seg) at short 
times is related to the fast segmental dynamic of the chains during the initial entropic mixing process. 
A second regime (rep) at longer times relates to chain diffusion. To verify that this method is valid 
for a wider range of molecular weights eq 2-2 was fitted to elastic modulus build-up curves from 
UHMWPE polymers synthesised with reaction times of 2, 5 and 20 min respectively, in addition to 
the polymers already mentioned (reaction times 10 and 30 min), as shown in Figure  2-2. 
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Figure  2-2: Elastic modulus build-up of disentangled UHMWPE polymers obtained from syntheses 
with reaction times ranging from 2 to 30 min. Molar mass of these polymers is given in Table  2-3. 
The resulting fit parameters of all polymers are given in Table  2-3 together with the molecular 
weights. 
Table  2-3: Number average molar mass Mn and weight average molar mass Mw for UHMWPE 
polymers obtained from syntheses with different total reaction times ranging from 2 to 30 min. 
Parameters τseg, τrep, G’seg, and G’rep are obtained by fitting a two mode exponential relaxation 
process (eq 2-2) to the build-up curves shown in Figure  2-2, with the exception of the polymer 
with lowest Mw, where one mode was enough to fit. 
 
The clear outlier in this data set is the polymer with the lowest molar mass, which can barely be 
considered as UHMWPE because Mw is below 1.0 x106 g/mol and the polymer is the most entangled 
of all as the majority of entanglements are formed at the start of the reaction. The nascent material 
starts at an already high G’ value and quickly equilibrates so it can be fitted with only the dynamic 
mode related to reptation. The characteristic equilibration time for the reptation mode increases 
with increasing molar mass as does the corresponding elasticity increase G’rep. Meanwhile both τseg 
and G’seg for the segmental dynamic remain largely the same for each molecular weight. This would 
Synthesis 
time (min) 
Mw 
(x106 g/mol) 
Mn 
(x106 g/mol) 
τseg 
(s) 
τrep 
(s) 
G’seg G’rep 
2 0.6 0.4 - 160 - 0.08 
5 1.2 0.6 1750 15000 0.30 0.15 
10 2.3 1.2 5300 36000 0.55 0.10 
20 3.7 1.3 6000 30000 0.45 0.25 
30 5.6 1.9 6000 56500 0.49 0.30 
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indicate that after the initial entropic mixing the rest of the equilibration is determined by the total 
amount of entanglements per chain in the system, which increases when the chains are longer as is 
the case in the higher molar mass materials. The large total equilibration time of these systems is 
also a characteristic of other transitory non-equilibrium melt states.1,2 
2.3.2 Rouse dynamic in the non-equilibrium state 
The linear rheology of entangled polymer melts is successfully described by modelling the 
interaction among chains as a mean field approximation represented by a tube formed by 
entanglements among each chain and its neighbours.5,6 Fast Rouse motion occurs within chain 
segments corresponding to the average distance between consecutive entanglements (or tube 
diameter) with characteristic time τe = τR/Z2. Here, τR is the Rouse time of the full chain and Z = 
Mw/Me represents the average number of entanglements per chain. At longer times, the movement 
of chains in the perpendicular direction to the tube is hindered by entanglements. After a small 
deformation, one fifth of the total stress stored in the tube relaxes within time τR by longitudinal 
Rouse dynamics involving the whole chain.23 Afterwards, the remaining stress relaxes by reptation-
like movement of the chain along the one-dimensional tube axis. This slower relaxation process has 
a characteristic time τd = 3Z∙τR. This way, topological constraints are responsible for the plateau 
region where the melt response is predominantly elastic, Figure  2-1b. G’ shows a well-defined 
plateau over a broad frequency range, of which the absolute value is related to Me, thus to the 
entanglement density, eq 2-1. These concepts are valid for melts at thermodynamic equilibrium, 
where the average number of entanglements is constant, thus the viscoelastic response of the melt 
is time independent. During the equilibration process of a non-equilibrium UHMWPE melt, the 
modulus build-up shows that viscoelasticity of the melt changes continuously in time, and during this 
process chain dynamics at different scales might be influenced by the creation of new 
entanglements. In order to study possible changes in chain dynamics during the equilibration 
process, frequency sweep linear oscillatory tests in a range around the Rouse frequency of the melt 
are performed. The Rouse frequency corresponds to the reciprocal value of the Rouse relaxation 
time τR. For polyethylene melts with Mw of 2.3 x106 and 5.6 x106 g/mol, assuming Me = 1900 g/mol, 
τR values of 0.08 and 0.8 s respectively are estimated. This uncertainty in τR is acceptable as the 
purpose of estimating a Rouse time for these melts is only to establish a range of frequencies where 
the associated dynamic might have an important contribution to the linear viscoelastic response.  
Data collection for each frequency sweep took a total of 60 s. Considering a total modulus build-up 
time larger than 104 s, changes in the properties of the melt can be considered negligible during each 
frequency sweep. Experiments were performed at intervals during equilibration, while in between 
these experiments a time sweep was carried out to follow the modulus build-up. A well-defined 
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plateau for G’ is found at every point during the modulus build-up, with absolute values larger than 
the viscous modulus G’’ by at least one order of magnitude. This difference in the viscoelastic 
response is observed in the damping factor tan(δ), which is defined as the ratio G”/G’, Figure  2-3. As 
evident from the decrease in tan(δ),  it is clear that during the equilibration process G’ increases at a 
higher rate than G”. Therefore, with entanglement formation, the plateau region shows a slight 
decrease in energy dissipation in favour of energy storage, indicating a clear influence of the 
entanglement formation on chain dynamics. In the case of an entangled melt at equilibrium, this 
region contains a mix of both longitudinal Rouse motion (at chain length scales) and reptation 
dynamics. The changes in tan(δ) are especially evident at frequencies larger than the Rouse 
frequency, suggesting that this observation is more likely related to a decrease in the contribution to 
dissipation by longitudinal Rouse motion. In a non-equilibrium melt having a heterogeneous 
distribution of entanglement lengths, longitudinal Rouse motion might be aided by the increased 
disparity in Me. When the melt reaches equilibrium, the distribution of entanglements is expected to 
become more homogeneous and chain dynamics no longer change in time. 
 
Figure  2-3: Damping factor tan (δ) (filled symbols) and elastic modulus G’ (unfilled symbols) over a 
frequency range of 1 – 250 rad/s for UHMWPE polymers PE_2.3 and PE_5.6. Direction of the 
arrows refers to increasing time in the melt state and the dotted line indicates the Rouse 
frequency at equilibrium. 
2.3.3 Changing relaxation modulus in the non-equilibrium melt 
In Figure  2-3, the presence of a plateau suggests the existence of constraints even in the non-
equilibrium polymer melt. Thus, similar to the melt at equilibrium, the relaxation process will occur 
not only via Rouse dynamics but also via reptation-like movement. In order to study the relaxation 
process at longer times and have access to the relaxation process related to chain constraint renewal 
(close to the modulus cross-over), step-strain experiments are performed. In these experiments a 
shear deformation is suddenly applied while keeping the small strain γ0 constant during 
Chapter 2 
35 
 
measurement of the stress σ. In order to discard problems due to slip or non-linear response of the 
melt, step-strain experiments are performed using different strains. As anticipated in the linear 
viscoelastic region, the relaxation modulus G(t) = σ/γ0 shows no dependence on the applied strain, 
even in non-equilibrium melt states. As an example, Figure  2-4 shows the relaxation moduli using 
starting strains of 1.0 and 1.5% when the step strain tests were started at a modulus value of 1.2 
MPa for PE_2.3. 
 
Figure  2-4: Relaxation modulus when a step strain test is started at a modulus value of 1.2 MPa 
with two different initial strains, 1.0 and 1.5% for PE_2.3. 
For both PE_2.3 and PE_5.6, the step-strain experiments are performed starting at different values 
of G’ on the modulus build-up curve during the equilibration process. In Figure  2-5, the relaxation 
modulus G(t) for both polymers shows a plateau at short times corresponding to the rubber plateau 
observed over frequency in G’, Figure  2-1b. In Figure  2-5 the initial values of G(t), e.g. 1.2 MPa and 
1.6 MPa in the case of PE_2.3, are related to the entanglement density at the beginning of the 
deformation. G(t) decreases monotonically with time as the initial stress relaxes. The modulus is 
followed in time until its value has decreased by 90 % of the initial value. Since entanglements in the 
non-equilibrium melt are able to constrain chains, stress relaxation requires chains to escape these 
constraints, thereby renewing configurations by losing memory of the deformation imposed by the 
step-strain. In agreement to the results shown in Figure  2-3, the renewal process might take place by 
chain reptation in a similar way as it would occur in the equilibrium melt, with the difference that, as 
chains in the non-equilibrium melt reptate, they might find themselves in a new environment with a 
larger number of entanglements.   
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Figure  2-5: a) and b) show the relaxation modulus G(t) of PE_2.3 and PE_5.6, respectively, from 
step-strain experiments. The strain is applied at different values of the modulus build-up as well as 
at equilibrium. The dotted lines show the fit of the relaxation modulus using a discrete multimode 
version of the Maxwell model (eq 2-3). 
In Figure  2-5, beside the changes in the plateau modulus, the relaxation process is also affected. The 
higher the elastic modulus at the start of the experiment, the slower is the stress relaxation. This is 
more evident when the relaxation modulus is fitted using a discrete multimode version of the 
Maxwell model given in eq 2-3.24  
 
𝐺𝐺(𝑡𝑡) = �𝐺𝐺𝑖𝑖exp (−𝑡𝑡/𝜏𝜏𝑖𝑖)𝑁𝑁
𝑖𝑖=1
 (2-3)  
 
Here Gi stands for the modulus corresponding to the relaxation mode with characteristic time τi and 
N is the total number of modes. The best fits for the modulus relaxation curves of polymers PE_2.3 
and PE_5.6 are obtained using three and four modes respectively. It was found that using a higher 
number of modes does not significantly change the value of the relaxation times close to the 
terminal region. The longest time modes are presented in Figure  2-6a for the two polymers as a 
function of plateau modulus at the start of the step-strain experiment.  
The time is normalised using the value of the largest relaxation time τmax in the equilibrium state 
(400 and 5100 s for respectively PE_2.3 and PE_5.6). The normalisation allows overlay of the values 
in a straight line with a slope of one. The lower modulus values are related to the confinement of the 
chain in a tube having a lesser number of entanglements, compared to the average tube in the 
equilibrium melt.5,19 
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Figure  2-6: a) The largest relaxation time obtained from fitting eq 2-3 to each curve in Figure  2-5 is 
shown as a function of the normalised linear elasticity G’(t0)/GN. Time axis is normalised by the 
longest relaxation time at equilibrium: 400 and 5100 s for respectively PE_2.3 and PE_5.6. The 
solid line shows a slope of 1. (b) and (c) depict the shift of the cross-over point to lower 
frequencies during the equilibration process, visualized by converting the total stress relaxation to 
the frequency space for PE_2.3 and PE_5.6, respectively. Arrows denote the cross-over point when 
the step strain experiment is started at the specific values of modulus build-up G’(t0)/GN (0.6, 0.8 
and 1.0 for PE_2.3; 0.5, 0.7, 0.9 and 1.0 for PE_5.6) from high to low frequency. The conversion is 
performed using the Maxwell model parameters (eq 2-3).  
This suggests that, in the non-equilibrium polymer melt, the relaxation process at large times takes 
place by a reptation process to renew a tube with a shorter primitive path compared to the one at 
equilibrium. Since in the non-equilibrium melt a heterogeneous distribution of molar mass between 
entanglements is expected, this approximation is valid only if the fluctuation in the distance 
between entanglements is much smaller than the tube path, which is plausible in the case of a highly 
entangled polymer such as UHMWPE. 
Using tube theory we can derive the theoretical scaling of τd with the normalised elastic modulus 
𝐺𝐺′���(𝑡𝑡) if we visualise the decreased molar mass between entanglements in the non-equilibrium state 
as an effect of dissolution of the polymer in a solvent. In this picture, the further the polymer melt is 
from equilibrium, the lower would be the concentration of polymer in solution c. Such diluted 
polymer melt systems have been widely investigated and the dependency of various material 
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characteristics on the concentration has been reported.25,26 When diluting linear polymer melts with 
oligomers of the same material the plateau modulus scales with concentration27 as GN ~ c2 while 
longest relaxation time scales with concentration as τd ~ c so that in theory τd should scale with GN as 
τd ~ GN0.5. Figure  2-6a instead suggests a scaling of τd/τmax with 𝐺𝐺′���(𝑡𝑡) directly. This discrepancy is 
possibly due to the molar mass distribution in the polymers and the resulting multiple relaxation 
times instead of only the longest relaxation time as in the theoretical monodisperse systems. 
Moreover, describing the non-equilibrium state as a dissolved polymer system does not take into 
account the heterogeneous distribution of entanglement density. 
To visualize the increase in the relaxation time as the polymer equilibrates, the total stress relaxation 
fit (including all modes) is converted to the frequency space by Fourier transformation for both 
PE_2.3 and PE_5.6, and Figure  2-6b and c show the resulting normalised G’ and G’’ in the frequency 
region close to the modulus cross-over. There is a clear shift in the cross-over to lower frequency as 
the material approaches the equilibrium state. The value of the cross-over frequency is largely 
determined by the longest relaxation time, with minor influences from the shorter timescale 
relaxation modes.  Note that the polydispersity of the polymers used has an influence on the overall 
stress relaxation process and might aid the modulus build-up. McLeish27 pointed out that studies 
performed in monodisperse samples might ease data interpretation, since they would be free of 
heterogeneities caused by differences in dynamic among different molar mass components. 
However, with current synthetic techniques it is not possible to obtain disentangled polyethylene 
having Mn larger than 1 x106 g/mol with a polydispersity index smaller than 2.0. Moreover, in our 
work, the difference in the stress relaxation experiments observed during the equilibration process 
is mainly related to the heterogeneous distribution of entanglements in non-equilibrium states. This 
is clear since the comparisons are performed between non-equilibrium and equilibrium states of 
polymers having the same molar mass and molar mass distribution.   
Since for a specific high molar mass polymer the Rouse time depends on the molar mass only, the 
changes in chain dynamics can be attributed to the increasing number of entanglements. Bearing 
this in mind, the following rescaling is proposed for the relaxation modulus G(t) curves: 
 ?̅?𝐺(𝑡𝑡̅) = 𝐺𝐺(𝑡𝑡)/𝐺𝐺′(𝑡𝑡0)   ,  𝑡𝑡̅ = 𝑡𝑡/𝐺𝐺′���(𝑡𝑡)𝜇𝜇  ,  𝐺𝐺′���(𝑡𝑡) = 𝐺𝐺′(𝑡𝑡)/𝐺𝐺𝑁𝑁 (2-4)  
 
Here G’(t0) is the value of the elastic modulus just before starting the step-strain experiment and µ is 
a fitting parameter. Time normalisation is chosen to compensate for the changes in chain dynamics 
due to the monotonic increase of entanglements, as quantified by the instantaneous value of the 
normalised elastic modulus, 𝐺𝐺′���(𝑡𝑡). When normalisation in eq 2-4 is used, curves obtained for the 
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specific polymer at different points of the build-up collapse onto a single master curve, Figure  2-7. 
The linear dependence of the largest relaxation time with 𝐺𝐺′���(𝑡𝑡), as shown in Figure  2-6a, suggests a 
tentative value for µ = 1. However, the complete stress relaxation curves shown in Figure  2-5 also 
include contributions from relaxation of shorter modes that might change at a slightly larger rate as 
the melt traverses from non-equilibrium to equilibrium. Changing µ to 0.9, closer to the theoretical 
scaling described above,shows a better collapse of the relaxation curves at short times while the 
collapse at times longer than the terminal relaxation time stays similar. In spite of this correction, a 
small discrepancy at the lowest starting modulus is observed in the two polymers. This discrepancy 
can be attributed to the fast build-up in modulus at the initial stages of entanglement formation. It is 
important to notice that to obtain the master curve, besides using the value of G’ at the start of the 
step-strain test, the modulus build-up kinetic is used, establishing a relation between chain dynamics 
in the relaxation of stress and the relaxation of the melt towards equilibrium. In the non-equilibrium 
melt state, entanglement formation requires constraint renewal. At the same time, the increase in 
entanglements increases the constraint renewal time, decreasing the rate of further entanglement 
formation. It is important to notice that the step-strain experiments are performed in both build-up 
regimes, characterised by times τseg and τrep respectively. In both regimes the collapse of the 
modulus relaxation curves is possible, eq 2-4, suggesting that no kinetic barriers are responsible for 
the slow build-up as stated for other non-equilibrium systems.1 
 
Figure  2-7: Relaxation moduli from PE_2.3 (unfilled symbols) and PE_5.6 (filled symbols) when 
normalised by both the equilibrium plateau modulus (y-axis) and the instantaneous value of the 
elastic modulus (x-axis). The curves collapse onto a single master curve for each polymer, 
independent of the modulus value at which the step-strain was applied. 
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2.4 Conclusions 
In this chapter, with the help of controlled synthesis, it has been feasible to obtain a non-equilibrium 
melt state on melting of ultrahigh molecular weight polyethylene having a reduced number of 
entanglements in its nascent state. The equilibration process is well characterised by the monotonic 
increase of rubber elasticity in time and reaches a stable value at equilibrium. Using linear 
rheological techniques it is demonstrated that with the transformation of the non-equilibrium melt, 
there are changes in the chain dynamics. Linear oscillatory rheology showed that Rouse dynamic is 
increasingly hindered as the melt transforms to the equilibrium state. The existence of a plateau 
region in G’ showed that, even in non-equilibrium conditions, the presence of entanglements 
confines the chains, forcing them to renew their configurations by renewing their constraints. 
Presumably the renewal process proceeds by chain reptation in a similar way as it occurs in the 
equilibrium melt state. Step-strain experiments allow studying the relaxation process related to the 
average constraint renewal. The relaxation modulus, G(t), showed that as the melt elasticity 
increases, stress relaxation becomes slower, and therefore the average constraint renewal time 
increases. G(t) obtained at different stages of the modulus build-up (including at equilibrium) 
collapses onto one single curve when using the build-up kinetics. This shows a clear relation 
between constraint renewal processes in the non-equilibrium melt state and its relaxation towards 
thermodynamic equilibrium. The visco-elastic response of the non-equilibrium melt and its 
correlation with the entanglement formation kinetics provides new opportunities in addressing 
chain dynamics of linear polymers in general. The following chapter will address the implications of 
the changing chain dynamics on the step stress (creep) response out of equilibrium. 
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3 Creep response of non-equilibrium polymer melts 
 
 
 
Abstract 
Chain dynamics in polymer melts is in general treated using models that consider the material to be 
in equilibrium. In this chapter the retardation behaviour of an Ultra-High Molecular Weight 
Polyethylene melt out of equilibrium is investigated. By controlled synthesis this material can have a 
remarkably low entanglement density in the nascent state, which results in non-equilibrium melt 
states with heterogeneous distribution of entanglements. A method is proposed for these one-
component systems where the strain rate is used to separate the evolution of the material during 
the entanglement process from changes in viscosity and terminal retardation time. Step stress 
experiments performed starting in non-equilibrium melt states reveal that while the polymer is 
equilibrating, retardation times τ and zero shear viscosity η0 increase simultaneously, scaling with 
the instantaneous rubber elastic modulus as τ ~ G’(t)0.5 and η0 ~ G’(t)1.5. Time translational invariance 
of the strain rate curves can then be regained for the materials out of equilibrium by taking into 
account the changing retardation times and viscosity. By performing the experiments in the initial 
non-equilibrium state the methodology used here reduces the experimental time required to 
perform viscoelastic characterisation of high molar mass polymer melts. 
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3.1 Introduction 
Any system in thermodynamic equilibrium is by definition time invariant, meaning that while 
fluctuations on a microscopic level occur, its macroscopic properties and the nature of the 
constitutive equations stay constant in time.1 Systems out of equilibrium do not exhibit this time 
translational invariance (TTI), with two well-known examples being aging soft glassy materials2 and 
polymeric liquids undergoing cross-linking reactions. 3 Recently, relaxation behaviour in these 
evolving non-equilibrium systems was studied by Joshi and coworkers4,5,6 who demonstrated that 
TTI could be regained by defining an effective time domain which accounted for the changing 
relaxation times of the materials. However, the systems investigated by these authors always consist 
of multiple components, which makes analysis in terms of material properties less straightforward. 
Also, soft glassy materials never reach an equilibrium state and the polymer chains in cross-linking 
resins are altered chemically during equilibration and therefore have an equilibrium state with a 
completely different relaxation response compared to its initial state. Therefore it is not possible to 
compare the TTI of the non-equilibrium systems in the effective time domain with the response of 
the same system in thermodynamic equilibrium. To address these issues it is possible to use a high 
molar mass polymer melt where the long-lasting non-equilibrium state is caused by an initially low 
density of entanglements between chains, which slowly equilibrates by further formation of 
entanglements to an equilibrium polymer melt. This is a one-component system, having chains of 
the same molecular configuration, which equilibrates without chemical alteration. The equilibration 
process corresponds only to the transition from a non-equilibrium melt state, where distribution of 
entanglement density is heterogeneous, to the equilibrium melt with a homogeneous molar mass 
between entanglements. 
As explained in chapter  1, the viscoelastic behaviour of polymer melts is dominated by the presence 
of entanglements, physical temporary crosslinks arising due to the uncrossability of long polymer 
chains. Models describing the behaviour and dynamics of polymer chains in the melt of a flexible and 
entangled polymer, such as the tube model and modifications on it, generally assume that the 
polymer is in thermodynamic equilibrium for measurements in the linear viscoelastic regime.7,8,9,10,11 
According to the tube model every polymer chain is confined in a tube-like environment consisting 
of entanglements with other chains, where the free Rouse motion of chain segments is severely 
hindered at length scales larger than the tube diameter. Chains move instead by a one-dimensional 
snake-like reptation motion in the longitudinal direction of the confining tube. In the equilibrium 
state the polymer is homogeneously entangled with a constant average tube diameter and thus a 
fixed molecular weight between entanglements Me. However, when a semi-crystalline polymer is 
heated above its melting temperature, the equilibrium is not reached immediately after melting due 
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to the majority of the entanglements initially being located in the amorphous regions. The polymer 
melt therefore requires a measurable period of time to equilibrate which is evident in the nascent 
disentangled UHMWPEs investigated in this thesis. 12  Upon melting, because of the initial 
heterogeneous distribution of entanglements, the polymer slowly evolves to the fully entangled 
equilibrium state. This equilibration is followed by the monotonic increase (build-up) of the elastic 
modulus G', indicating a gradual decrease in Me and therefore an increase in number of 
entanglements. As the polymer approaches its equilibrium state, G’ reaches the equilibrium value of 
approximately 2.0 x106 Pa. As shown in previous work, this equilibration requires a time tm that 
scales with the weight average molecular weight Mw following a power law as tm ~ Mw2.6.13 The 
entanglement distribution plays an important role in the crystallisation and melting processes of the 
polymer in question.14,15   
The first part of this chapter will use step stress (i.e. creep) experiments in equilibrium to measure 
the dynamic properties in a lower frequency range than is obtainable by step strain or oscillatory 
rheology. For measurements at long timescales, or equivalently low frequency, step stress 
experiments are preferable to step strain experiments because the increasing strain is more 
accurately measureable than the decreasing stress. In addition, in order to measure a certain 
frequency, one only has to measure for the corresponding reciprocal time, whereas oscillatory 
rheology requires multiple oscillations at the requested frequency to achieve the desired accuracy. 
For these reasons creep is preferable for measurements that require information in very low 
frequency range. Because of the extremely high modulus of UHMWPE and its insolubility in common 
solvents, the molar mass and molecular weight distribution of these polymers is generally 
determined by rheology using the viscoelastic modulus data 16  (see chapter  2.3.1). For this 
determination it is important to have data over a wide frequency range, including the terminal 
region, which in the case of ultra-high molar masses can be at frequencies lower than 10-4 rad/s. At 
these low frequencies creep measurements can both increase accuracy and decrease experimental 
time. The compliance can then be numerically transformed to the modulus for use in molar mass 
determination as will be shown for polymers in a molecular weight range of 1.2 – 5.6 million g/mol 
using a method for conversion adapted from micro-rheology.17,18 
 
 
 
Chapter 3 
45 
 
The second part of the chapter deals with UHMWPE during its equilibration process, where zero-
shear viscosity η0 and terminal relaxation time τ are constantly changing, as evidenced by the 
monotonic increase in storage modulus. The increase in both η0 and τ are directly proportional to G’ 
as discussed in chapter  2 and knowing the elastic modulus build-up we propose a framework to 
regain time-translational invariance even when step stress experiments are started with the polymer 
in a non-equilibrium state. Furthermore, a master curve for UHMWPE in equilibrium can be 
constructed by taking into account the well-known effects of molar mass on the viscosity and 
terminal relaxation time. 
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3.2 Experimental 
3.2.1 Materials 
The UHMWPE polymers used in this chapter are PE_2.3 and PE_5.6, as used in chapter  2, and a 
lower molar mass polymer with a weight average molecular weight Mw of 1.2 x106 g/mol, denoted as 
PE_1.2, corresponding to a synthesis reaction time of 5 min. Molar mass determination by means of 
linear oscillatory rheology was done using viscoelastic spectrum data sets which were numerically 
converted to molar mass distribution by using Mead’s inversion algorithm.19 For more details on 
synthetic procedure and molar mass determination see the respective sections in chapter  2. The 
important material properties are summarised in Table  3-1. 
Table  3-1: Properties of the UHMWPE materials used, with Mw and Mn the weight and number 
averages molecular weights respectively, PDI the polydispersity index Mw/Mn, τd the longest 
relaxation time and η0 the zero shear viscosity of the polymer in the melt. 
Polymer Mw  
(x106 g/mol) 
Mn  
(x106 g/mol) 
PDI τd 
(s) 
η0 
(Pa∙s) 
PE_1.2 1.2 0.6 2.0 60 8.3 x107 
PE_2.3 2.3 1.2 2.0 400 6.5 x108 
PE_5.6 5.6 2.8 3.0 5100 3.6 x109 
3.2.2 Rheological characterisation 
For all measurements the sample preparation was as follows: nascent UHMWPE powder was 
compressed at 125 °C, roughly 15 °C below the equilibrium melting temperature of polyethylene, 
into a circular plate with a diameter of 35 mm and a thickness of approximately 0.8 mm. Samples 
with a diameter of 12 mm were cut out from these and placed at 110 °C in the stress-controlled 
rheometer (TA Instruments DHR2), fitted with a 12 mm diameter parallel plate geometry. A 
convection oven was used for heating and cooling of the sample and experiments were carried out 
in a nitrogen environment to prevent degradation. A constant normal force of 4.0 N was always 
applied to ensure good contact between geometry and sample. Because of the relatively low molar 
mass of PE_1.2, 4.0 N of normal force is enough to slightly squeeze the sample and influence both 
the build-up dynamic and the behaviour of the step stress experiments. In tests for this polymer the 
normal force applied is 1.5 N, enough to ensure contact but not to influence test results in other 
ways. The sample is heated to 160 °C at a rate of 10 °C/min where, after a temperature equilibration 
period of 90 s, the polymer is considered to be in the initial melt state. The equilibration of the melt 
is followed with an oscillatory time test in the linear viscoelastic regime using a strain of 0.5 % and at 
a frequency of 10 rad/s, measuring the monotonic increase of elastic modulus G’ in time.  
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At different values of G’ the step stress test is then started, using an initial stress dependent on the 
polymer in question (400, 1500 and 3000 Pa for PE_1.2, PE_2.3 and PE_5.6 respectively), and the 
resulting stress γ(t) is measured in time. Care was taken to stay in the linear viscoelastic regime 
during the tests. To verify this and discard problem due to slip or non-linear response of the polymer 
melt, step stress measurements were carried out using different initial stress values and the 
resulting creep compliance curves were compared. As expected in the linear viscoelastic regime, the 
initial stress σ0 has no influence on the compliance J(t) = γ(t)/σ0, even for samples in the non-
equilibrium melt state.  
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3.3 Results and discussion 
Figure  3-1a shows the process of equilibration for PE_1.2, PE_2.3 and PE_5.6, as followed by the 
increase or build-up of G’. The lower the Mw of the polymer, the higher the value of G’ is at the start, 
related to the higher entanglement density of the nascent polymer powder due to the reaction 
conditions. All polymers eventually reach an equilibrium G’ value of approximately 2.0 MPa, with the 
higher molar mass materials taking longer time to equilibrate, in accordance with Ref 13. 
 
Figure  3-1: a) Modulus build-up during equilibration period for UHMWPE polymer melts PE_1.2, 
PE_2.3 and PE_5.6. b) Oscillatory frequency sweeps of PE_1.2, PE_2.3 and PE_5.6 in the 
equilibrium melt. All experiments carried out at 160 °C. 
3.3.1 Compliance conversion in equilibrium 
Once the polymers have reached equilibrium, elastic and loss modulus are measured by oscillatory 
rheometry as a means to determine molar mass Mw and PDI of the polymers (Figure  3-1b). For 
comparatively low molar mass polymers PE_1.2 and PE_2.3 the modulus crossover and part of the 
terminal region is visible within the frequency region easily accessible by oscillatory rheology (10-3 – 
102 rad/s). To extend the frequency domain we carried out step stress experiments in equilibrium, 
where an initial stress σ0 is applied to the sample and then kept constant while measuring the 
resulting increasing strain γ(t). Figure  3-2a shows the creep compliance J(t) = γ(t)/σ0 of all polymers 
in equilibrium. The fully elastic plateau at short times is directly inversely related to the rubbery 
plateau modulus of the material in equilibrium and is therefore the same for all polymers. The 
fastest increasing compliance is then found as expected in the polymer with the lowest molar mass 
and therefore lowest zero shear viscosity. Note that due to the high zero shear viscosities, long 
relaxation times and polydispersity the theoretical slope of one (on a log-log scale), generally 
observed at long times in the terminal region of J(t), is not reached for the UHMWPE polymers. 
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Figure  3-2: (a) Creep compliance for PE_1.2, PE_2.3 and PE_5.6 when step stress test is started 
with the material in the equilibrium state. (b) Elastic and loss modulus of PE_1.2, PE_2.3 and 
PE_5.6 from oscillatory frequency tests (filled symbols) and numerically converted from creep 
compliance (open symbols). 
Stress relaxation and creep compliance functions in the linear regime are mathematically related by 
the following expression: 
 
� 𝐺𝐺(𝑡𝑡)𝐽𝐽(𝜏𝜏 − 𝑡𝑡)𝑑𝑑𝑡𝑡 = 𝜏𝜏𝜏𝜏
0
 (3-1)  
 
The main issue arising during the deconvolution process of eq 3-1 is that the Fourier transform of 
the compliance does not converge, as the compliance continues to increase with time for 
viscoelastic systems. Earlier methods worked around this problem either by fitting the experimental 
time-dependant data to a particular model and calculating the complex modulus from the resulting 
parameters20 or by using a Laplace transformation before going back to a Fourier description.21 The 
downside of these methods is that the experimental data is always forced into a prescribed form, 
either a model or a Laplace transformable form. Evans et al.22 instead used the second derivative of 
the compliance, which vanishes at long times and whose Fourier transform therefore converges. 
Their method can accurately extract elastic and loss moduli from raw compliance data without the 
need to first fit this data to an existing model. However, because for this method an extrapolation to 
t = ∞ is needed, an extra parameter in the form of the steady state viscosity is required. This 
parameter is not easily obtainable experimentally in our materials due to the long relaxation times 
as mentioned above. 
The method suggested in this chapter was developed in micro-rheology by Mason17 and used on 
linear flexible polymers by Dasgupta et al.18 This method uses a modified algebraic form of the 
generalised Stokes-Einstein equation to directly calculate G’ and G’’ from the mean squared 
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displacement ‹∆r2(t)› of probe particles with radius a in a liquid. This approach assumes a local 
power law for the displacement and then evaluates the first order logarithmic derivative. Since the 
mean squared displacement is proportional to the creep compliance23 as J(t) = (πa/kbT)‹∆r2(t)› (with 
kb the Boltzmann constant and T the absolute temperature) we can use this method to directly 
determine G’ and G’’ from our step stress tests, leading to eq 3-2 and 3-3.  
 
𝐺𝐺′(𝜔𝜔) = 𝐺𝐺(𝜔𝜔) cos �𝜋𝜋𝜋𝜋(𝜔𝜔)2 � 
𝐺𝐺′′(𝜔𝜔) = 𝐺𝐺(𝜔𝜔)sin �𝜋𝜋𝜋𝜋(𝜔𝜔)2 � (3-2)  
With G(ω) given by 
 
𝐺𝐺(𝜔𝜔) = 1|𝐽𝐽(𝑡𝑡)|
𝑡𝑡=
1
𝜔𝜔
𝛤𝛤[1 + 𝜋𝜋(𝜔𝜔)] (3-3)  
 
where J(t) is the value of the compliance at t = 1/ω, Γ is the error function and α is the local power 
law exponent given by the logarithmic slope at t = 1/ω: [δln(J(t))/δln(t)]t=1/ω which can vary from zero 
for purely elastic to one for purely viscous behaviour. The code in visual basic to determine 
logarithmic slope and moduli from the creep compliance is given in Appendix A. 
The advantage of using this method is that needing just the logarithmic slope allows for a point by 
point analysis and bypasses the need to fit the total compliance curve to a model, without 
presuming any a priori knowledge of the material. Using a local power law expansion also provides 
accurate moduli values at the frequency extremes compared to discrete transform methods, which 
is important for our system as we are specifically interested in probing the low frequency limit. For 
UHMWPE in thermodynamic equilibrium the conversion gives excellent results when comparing the 
transformed data to moduli obtained directly by oscillatory rheology and extends the range of 
frequencies achievable down to 10-4-10-5 rad/s, depending on the experiment time of the step stress 
test. The results of this transformation are given in Figure  3-2b together with the original oscillatory 
frequency sweeps and the techniques show good overlap in the region where both methods are 
sufficiently accurate (10-3 – 10-1 rad/s). The advantage of using step stress measurements, instead of 
more commonly used step strain tests, is more accurate data at the long times because an 
increasing strain is being measured instead of a decreasing stress. Additionally, it decreases 
experiment time by a large amount compared to frequency sweeps in oscillatory rheology. The 
experiment time needed to produce data of the viscoelastic spectrum down to a frequency of 5.0 
x10-5 rad/s can be as low as 2.0 x104 s in creep, while the time required to measure one data point 
around that same frequency for an oscillatory experiment will be an order of magnitude larger, 
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depending on the amount of oscillations needed to get within a satisfactory error margin. Even with 
this time-saving measure at very low frequencies G’ and G’’ retrieved from step stress experiments 
on equilibrated polymer melts show an upwards bend, deviating from the behaviour in the terminal 
region expected from melts with unimodal molar mass distributions. This can be an indication of 
some polymer alteration taking place after the large time required for equilibration, when the step 
stress measurements are carried out. Performing measurements in the initial non-equilibrium state 
and subsequently relating creep compliance thus obtained to the equilibrium retardation behaviour 
can shorten the experimental time even further. 
3.3.2 Step stress experiments in the non-equilibrium polymer melt 
The experiments described so far in this chapter have mainly been carried out with the polymer in its 
equilibrium state with a constant and homogeneous distribution of entanglements. During creep 
flow experiments, polymer melts are continuously deformed and unless in the terminal region, every 
step carries memory from past deformation. However, our point by point analysis can also be used 
when starting with the material in a non-equilibrium state to examine the changing chain dynamics 
during the equilibration period. Compared to studies performed on materials considered in 
thermodynamic equilibrium, where time invariance applies, additional challenges appear when 
investigating materials out of equilibrium since time invariance is not satisfied. In order for time 
invariance to apply to a material, the structural properties of this material have to stay constant, 
which is clearly not the case for UHMWPE out of equilibrium as the molar mass between 
entanglements (and consequently the entanglement length/tube diameter) is continuously changing 
in time. Fortunately, when performing experiments in the linear viscoelastic regime, a simplification 
of the problem is possible considering that the evolution of the material towards equilibrium is 
independent of the deformation history.  
Relaxation behaviour in evolving non-equilibrium systems was studied earlier by Joshi and coworkers 
in polymeric liquids undergoing cross-linking reactions4 and in soft glassy materials during physical 
aging after deformation.5,6 In the first case, the rheological properties of the systems investigated 
change continuously in time as a consequence of a cross-linking reaction. Both elastic modulus and 
relaxation times of the polymer system changed during the curing of polydimethylsiloxane. By 
crosslinking the polymer the investigators changed the material chemically and performed step 
stress and step strain experiments starting at different points during the curing process. In the case 
of soft glasses, these materials slowly reorganise their microstructure in time in a process called 
physical aging. The microstructure can be broken up by shear stress producing a system out of 
equilibrium that will also change its rheological properties in time. Because these systems are never 
in an equilibrium state, they deviate from the time-translational invariance principle and do not 
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confirm to fundamental principles of linear viscoelasticity such as the Boltzmann superposition 
principle (BSP). However, Joshi and coworkers showed that they could estimate the time 
dependency and regain time invariance by transferring their measurements from the real time 
domain to an effective time domain independent of where in the equilibration process they started 
the tests. They demonstrated the validity of the Boltzmann superposition principle and the 
convolution relationship between creep compliance and relaxation modulus in this effective time-
frame in their non-equilibrium systems.4  
The same principles could be valid for our system out of equilibrium. In the disentangled UHMWPE 
systems used in this study there is no chemical change in the material, as is the case in a curing 
reaction. Consequently, there is also no equivalent to the gelation point, where there is a change in 
shape of relaxation. It is therefore not needed to split the time-dependent behaviour in two regions, 
before and after gelation. Instead, the conformation of chains constantly changes to accommodate 
further formation of entanglements until equilibrium is reached, where the entanglements are 
evenly spaced and the molar mass between entanglements is constant. During this equilibration 
process the longest relaxation time, as measured by step strain experiments, increases as the 
increasing entanglement density slows down chain dynamics and it is possible to directly relate the 
increasing elastic modulus with the changing relaxation dynamics (chapter  2). This allows for 
renormalization of stress relaxation curves, carried out at different times during the equilibration, 
onto a single master curve by using the continuous change in relaxation dynamics (Figure  2-7).  
The same principles can be used when switching to step stress tests, and we therefore carried out 
such tests starting at various times in the equilibration process. Given that the equilibrium plateau 
modulus is constant for all UHMWPE materials but the time taken to reach equilibrium depends on 
the polymer molar mass (see Figure  3-1a), we use the elastic modulus G’ during the equilibration as 
a measurement of distance from equilibrium and start our tests at specific values of G’. Creep tests 
for PE_2.3 and PE_5.6 were started at 0.7 MPa, 1.0 MPa and in equilibrium (2.0 MPa) with an extra 
experiment at 1.2 MPa for PE_5.6 because of the long total equilibration time. Due to the fast 
equilibration and high starting G’ value of PE_1.2 the only creep experiment out of equilibrium was 
started at 1.2 MPa in this sample. The resulting creep compliances are shown in Figure  3-3. 
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Figure  3-3: Creep compliance when step stress tests are started at various points in the 
equilibration process of polymers PE_1.2, PE_2.3 and PE_5.6. Moduli where the step stress tests 
are started are given in the legend of the figures. 
As with the compliances in equilibrium, the elastic plateau at short times is directly inversely related 
to the value of G’ where the step stress experiment is started. After this plateau the compliance goes 
up with the logarithmic slope increasing until it starts to bend downward, with this bend appearing 
earlier in samples where the experiment is started further from equilibrium. If, as claimed in 
chapter  2, the chain dynamics out of equilibrium are similar in shape to those in equilibrium but with 
faster relaxation times, it should be possible to regain time invariance by defining an effective time 
domain and normalising the compliance by its starting value. 
We can use data from stress relaxation experiments to estimate the time dependency of the 
relaxation time during equilibration as described in chapter  2. In their experiments on cross-linking 
polymeric liquids, Joshi and coworkers fitted the short-term stress relaxation modulus, obtained at 
different reaction times, to a stretched exponential decay function. They found that the relaxation 
times obtained from these fits followed a power law dependence on time before gelation started 
and an exponential dependence after gelation had started.4 Using these dependencies it was 
possible to transform both step strain and step stress tests to an effective time domain. Our single 
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component disentangled UHMWPE systems change only in chain conformation and there is 
consequently nothing similar to a gelation point, so we work with a single dependency for the whole 
equilibration timeframe. Crucially, because of our polymers completely equilibrating within the 
timeframe of the experiment, we can directly compare relaxation times found in non-equilibrium 
melts with those in equilibrium. The molar masses of our polymers and their large relaxation times 
necessitate the use of the longer relaxation modes instead of the short-term stress relaxation time. 
As mentioned above and elaborated upon in chapter  2, stress relaxation tests at different points in 
the equilibration process for nascent disentangled UHMWPE have shown the following power law 
dependence of the longest relaxation time on the modulus build-up time during equilibration: 
 𝜏𝜏(𝑡𝑡′) = 𝜏𝜏𝑑𝑑 ∙ 𝐺𝐺′���(𝑡𝑡)𝜇𝜇 (3-4)  
 
with 𝐺𝐺′���(𝑡𝑡) being the normalised instantaneous elastic modulus and τd the longest relaxation time of 
the material at equilibrium. 𝐺𝐺′���(𝑡𝑡) is found by fitting the G’ build-up of the nascent polymers 
(Figure  3-1a) to a two-mode exponential model related to the continuous transition of chain 
segments to a more highly entangled state as described in chapter  2: 
 
𝐺𝐺′���(𝑡𝑡) = 1 −�𝐺𝐺′𝑖𝑖exp (−𝑡𝑡′/𝜏𝜏𝑚𝑚𝑖𝑖)𝑁𝑁
𝑖𝑖=1
 (3-5)  
 
With G’i the increment in elasticity corresponding to the i-th relaxation mode with characteristic 
time τmi. For our systems, two modes are needed to describe the build-up corresponding to two 
distinct regimes of equilibration: an initial fast build-up due to chain explosion and entropic mixing 
governed by segmental dynamics (seg), followed by a slower build-up once the polymer is 
sufficiently entangled for reptation dynamics to take over (rep). Just looking at the longest relaxation 
time the value of µ should be close to one. However, it is found that changing µ to 0.9 improves the 
overlay of the stress relaxation curves, especially at short times. Values of G’i and τmi for the 
polymers used in this chapter are given in Table  3-2. 
Table  3-2: Increment in elasticity G’ corresponding to the relaxation mode with characteristic time 
τm for modes relating to segmental (seg) and reptation (rep) dynamics of the elastic modulus 
build-up for polymers PE_1.2, PE_2.3 and PE_5.6. These values are used with eq 3-5 to describe 
the modulus build-up for these materials. 
Polymer G’seg G’rep τseg (s) τrep (s) 
PE_1.2 0.30 0.15 1750 15500 
PE_2.3 0.55 0.10 5300 36000 
PE_5.6 0.49 0.30 6000 56500 
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Colloidal glasses and cross-linking polymer resins are systems far from equilibrium and their 
evolution is slow compared to the equilibration process of disentangled UHMWPE samples studied 
here. Because of this, just inserting our description of the changing relaxation times into the 
framework of Joshi et al.4-6 leads to a severe underestimation of the creep compliance in the 
effective time domain compared to equilibrium behaviour. In the case of non-equilibrium UHMWPE 
melts, demonstration of the time invariance requires renormalization of not only time but also the 
functions that quantify deformation during the experiment. Usually, interpretation of a creep flow 
experiment is performed in terms of the measured strain as function of time. However, strain rate 
has demonstrated to be a more suitable function when dealing with non-equilibrium states of 
UHMWPE.  
In order to develop a mathematical framework that allows us to obtain time invariant functions 
regardless of the thermodynamic state of the polymer melt, the well-known Voigt model is modified 
as presented in eq 3-6. Difference between eq 3-6 and the original Voigt model is that by using a 
second order derivative of strain γ(t),  changes in stress will occur only when strain varies in time. 
Thus, at fixed strain, changes in stress due to evolution in the material properties will not be 
considered. 
 1
𝜂𝜂(𝑡𝑡)𝑑𝑑𝜎𝜎𝑑𝑑𝑡𝑡 = � 1𝜏𝜏(𝑡𝑡) + 𝑑𝑑𝑑𝑑𝑑𝑑(𝜂𝜂(𝑡𝑡))𝑑𝑑𝑡𝑡 � ?̇?𝛾(𝑡𝑡) + 𝑑𝑑𝑑𝑑𝑡𝑡 ?̇?𝛾(𝑡𝑡) (3-6)  
 
Eq 3-6 relates the stress σ imposed on the material with the rate of deformation ?̇?𝛾(𝑡𝑡). The time 
evolution of the material is described by the time dependent viscosity η(t) and retardation time τ(t). 
Solving eq 3-6 for the shear rate we obtain: 
 
?̇?𝛾 = 𝜎𝜎0
𝜂𝜂(𝑡𝑡) 𝑒𝑒𝑒𝑒𝑒𝑒 (−� 𝑑𝑑𝑡𝑡′𝜏𝜏(𝑡𝑡′)𝑡𝑡𝑡𝑡0 ) 
 
(3-7)  
 
 
We can then define a function  
?̇?𝛾𝑟𝑟(𝑧𝑧) = ?̇?𝛾(𝑧𝑧)𝜂𝜂(𝑧𝑧) 
with  
 
𝑧𝑧 = 𝜏𝜏0 � 𝑑𝑑𝑡𝑡′𝜏𝜏(𝑡𝑡′)𝑡𝑡𝑡𝑡0  (3-8)  
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This allows us to describe non-equilibrium states of polymers by using the z-invariance of the 
function ?̇?𝛾𝑟𝑟(𝑧𝑧). In accordance with our work on stress relaxation experiments in non-equilibrium 
UHMWPE, the time evolution of τ can be directly related to elastic modulus G’ by eq 3-4 where we 
need to use a factor of µ = 0.5 to properly collapse the strain rate curves. As mentioned in chapter  2, 
the renormalization procedure for stress relaxation out of equilibrium used µ = 0.9 as it was 
sufficient to collapse the relaxation modulus (Figure  2-7). The model for stress relaxation in 
chapter  2 is less dependent on the value of µ due to rescaling of G(t) with a constant factor instead 
of an equilibration time-dependent factor. Figure  3-4 shows how applying µ = 0.5 in eq 3-8 for stress 
relaxation improves renormalization at short times. At long times the overlap of relaxation modulus 
for measurements started furthest from equilibrium is decreased but still satisfactory. As mentioned 
in chapter  2, µ = 0.5 is in line with the theoretical scaling behaviour when describing the non-
equilibrium state of the polymer melt as a dissolved polymer system. These results suggest that up 
to the terminal relaxation time the comparison to polymer solution systems is appropriate while the 
long-time behaviour is likely to be influenced by the heterogeneous distribution of entanglement 
density. 
 
Figure  3-4: Normalised relaxation modulus in the z time domain using the procedure described in 
chapter  2 with µ = 0.5 instead of µ = 0.9 as used in the original method. 
Strain rates of the step stress tests are shown in Figure  3-5. As expected, strain rates (for the same 
applied stress) at short times are higher for (lesser entangled) polymers further from equilibrium, as 
the elastic modulus and viscosity are lower in these materials, at least until they get close to 
equilibrium conditions. At long times, when the polymer is assumed to be in the equilibrium state, 
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the strain rates from samples started in non-equilibrium conditions converge as the strain rate 
approaches the equilibrium value.  
 
Figure  3-5: Strain rates of PE_1.2, PE_2.3 and PE_5.6 when step stress tests are started at various 
thermodynamic states during elastic modulus (G’) build-up, indicated by the value of G’ at the 
start of the test. 
Renormalizing the strain rates in the way described above, using information on both changing 
retardation times and changing G’, gives strain rates as shown in Figure  3-6. Code in visual basic to 
carry out the renormalization is given in Appendix B.  
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Figure  3-6: Renormalized strain rates of PE_1.2, PE_2.3 and PE_5.6 when step stress tests are 
started at various thermodynamic states during elastic modulus (G’) build-up, indicated by the 
value of G’ at the start of the test. 
For all three polymers the renormalization procedure overlaps the strain rate curves well with the 
original equilibrium strain rate up to their terminal relaxation times, after which the renormalized 
strain rates level off to a plateau. A plateau in strain rate is expected as the polymer reaches the 
terminal region with pure viscous behaviour, a logarithmic slope of one, and a constant strain rate 
proportional to the zero shear viscosity. For PE_1.2 and PE_2.3 this plateau is slightly 
underestimated by the renormalization, while in PE_5.6 the plateau is apparent in the renormalized 
strain rates but absent in the equilibrium strain rate. One reason for the deviations in the shear rates 
of equilibrated materials after the terminal relaxation time is the amount of time (> 2.5 days) the 
polymer has spent at high temperature during equilibration prior to carrying out the equilibrium 
experiment. This might induce changes in the polymer, altering the relaxation behaviour, which 
highlights the need for methods to reduce the experimental time as described in this work. This is 
immediately apparent in Figure  3-7 where renormalized strain rates are directly converted to 
dynamic moduli G’ and G’’ using the method described in the first part of this chapter (equation 3-2 
and 3-3). Compared to moduli obtained from step stress tests in equilibrium (Figure  3-2b) the 
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overlap in the middle frequency region is retained. However, in the terminal region at frequencies 
lower than the modulus crossover, the logarithmic slope of G’ now decreases monotonically with 
decreasing frequency down to a lower frequency than is observed from equilibrium compliance 
transformations in Figure  3-2b. This is also evident from the better defined plateau in the shear rate 
function obtained from measurements performed in non-equilibrium melt states in comparison to 
those obtained in equilibrium, Figure  3-6. Better information on the pure polymer can thus be 
obtained by essentially splitting experiments into a separate equilibration process and step stress 
experiment started soon after melting the nascent powder while the polymer is still in the non-
equilibrium state. 
 
Figure  3-7: Relaxation spectra of PE_1.2, PE_2.3 and PE_5.6 from oscillatory frequency tests (filled 
symbols) and numerically converted from the renormalized strain rate obtained from step stress 
experiments started in non-equilibrium (open symbols). 
Apart from being able to regain TTI for each UHMWPE of a certain molar mass, it is possible to 
construct a master curve of the strain rates of all three UHMWPEs if we assume the principal 
relaxation shape to be independent of molecular weight. As mentioned before, the zero shear 
viscosity of linear flexible polymers scales with weight-average molecular weight as η0 ~ Mw3.0 for 
highly entangled materials10 and as such it is easily imaginable that we can rescale our strain rates by 
multiplication with η0.  
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The zero shear viscosity is directly obtained from the plateau region of the strain rate at long times 
in the terminal region in the following way and values for the materials used here are given in 
Table  3-1: 
𝐽𝐽(𝑡𝑡) = 𝛾𝛾
𝜎𝜎0
= 𝑡𝑡
𝜂𝜂0
+ 𝐽𝐽𝑒𝑒 
?̇?𝛾
𝜎𝜎0
= 1
𝜂𝜂0
 
Rescaling of the time can be done using the longest relaxation time τd = η0/(0.822GN) which in 
equilibrium is directly proportional to the zero shear viscosity. Values thus obtained, using GN = 2.0 
x106 Pa, match well with τd determined from the inverse of the modulus crossover, given in 
Table  3-1, when accounting for the polydispersity of the polymers. The resulting mastercurve of 
polymer PE_1.2, PE_2.3 and PE_5.6 is given in Figure  3-8. At long times after the terminal relaxation 
time the strain rate should stay constant and a plateau would be observed in the mastercurve. 
However, the decreasing strain rates after an initial plateau in the experimental data suggests 
components with even longer relaxation times, possibly as a result of degradation of the polymer. 
FTIR measurements after the creep experiments did not show signs of crosslinking but degradation 
cannot be ruled out as rheology is more sensitive to long chain branches. The effect is more 
noticeable with higher molar mass, seen by faster deviation from plateau in the reduced timeframe.  
 
Figure  3-8: Mastercurve for UHMWPE polymers with molar mass ranging from 1.2 x106 to 5.6 x106 
g/mol obtained by multiplying shear rate by zero shear viscosity and dividing time by terminal 
relaxation time. 
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3.4 Conclusions 
In this chapter a direct numerical method is used to convert the creep compliance of Ultra-high 
Molecular Weight Polyethylene (UHMWPE) melts to the dynamic viscoelastic spectrum and the 
validity is shown for three different molar mass materials. The method uses the instantaneous 
logarithmic slope and can shorten the experimental time required to obtain the viscoelastic 
spectrum, which is of major importance in the molar mass determination of these materials. We 
then examine the same materials, which when first melted start out as long-lasting non-equilibrium 
systems with a heterogeneous distribution of entanglements, using step stress experiments starting 
at different times during the equilibration process. Following the retardation behaviour during 
equilibration shows a gradual change in rheological properties which changes the usual retardation 
the polymer would experience in equilibrium. Specifically, both the viscosity and retardation times of 
the polymer melt increase while equilibrating, following a power law dependence on the 
instantaneous elastic modulus. Knowing this dependence and the elastic modulus increase, we 
propose a method to separate the evolution of the material from its deformation history. This allows 
us to account for viscosity and retardation time increases separately using the strain rate of the 
creep flow experiments instead of the compliance. Therefore we are able to regain time 
translational invariance even when the step stress measurements are started with the polymer in a 
non-equilibrium state. By performing the experiments in the initial non-equilibrium state the 
methodology used here reduces the experimental time required to perform viscoelastic 
characterisation of high molar mass polymer melts. Molecular weight effects can then be taken into 
consideration and rescaling with viscosity and terminal relaxation time for strain rate and time axis 
respectively creates a master curve for UHMWPE.  
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4 Deuterated disentangled UHMWPE and protonated-deuterated 
disentangled UHMWPE block copolymers: synthesis and 
characterisation 
 
 
 
Abstract 
In this chapter the synthesis is described of two fully deuterated Ultra-High Molecular Weight 
Polyethylene (UHMWPE) polymers that have the same low entanglement density in the nascent 
state as the protonated ‘disentangled’ polymers discussed in chapter  1 to  3. These polymers exhibit 
similar elastic modulus build-up and relaxation behaviour in the melt as their protonated 
counterparts but melt at a lower temperature as an expected result of the deuteration. Additionally, 
two block copolymers with blocks consisting of protonated and deuterated UHMWPE blocks are 
synthesised. Due to entropic barriers, mixing of regions consisting of different isotopes is inhibited 
and phase separation occurs. This is found to inhibit entanglement formation in the block 
copolymers having low entanglement density in the nascent state. As a consequence, much slower 
increase of elastic modulus is observed in the melts of the block copolymers and the ultimate elastic 
modulus is two to four times lower than expected for protonated or deuterated homopolymers. A 
long-lasting non-equilibrium melt state with low entanglement density is envisioned for the block 
copolymers due to the inhibited entanglement formation. Finally, the melting point difference 
between protonated and deuterated UHMWPEs allows for melting of only the deuterated 
components while keeping the protonated components in the solid crystalline state. Such a 
possibility has been explored in following chapters to investigate melting and crystallisation kinetics 
in the di- and tri-block copolymers of disentangled UHMWPE.   
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4.1 Introduction 
Hydrogen (1H) atoms in materials can be substituted for the heavier deuterium atoms (2D), which 
contain an extra neutron compared to the proton nuclei. The deuteron has the following significant 
differences from the proton. The first, and historically most important, is the neutron scattering 
length, which is 6.67 fm for 2D compared to -3.74 fm for 1H. The difference, and especially the 
reverse in sign, makes for a large scattering contrast between hydrogen and deuterium without 
having to resort to substitution with heavier atoms as would be the case in X-ray scattering.1 In 
polymers, the mixing of some protonated chains with fully deuterated chains of the same molecular 
configuration has been used to determine structural parameters such as radius of gyration,2,3,4 
distance between neighbouring entanglements,5,6,7,8 and reptation time9 as well as the chain folding 
in semi-crystalline polymers10,11,12. Secondly, the deuteron nucleus has a total spin moment of +1, 
which means it has a quadrupolar magnetic moment. This can be of advantage in solid state NMR 
spectroscopy in two ways. On one hand, it is possible to carry out proton NMR on a deuterated 
material making use of the small percentage of leftover protons in the 1H-NMR inactive deuterated 
matrix, which decreases signal line width and increases accuracy. More commonly, 2D-NMR can be 
used directly on the deuterated material to determine properties such as polymer chain dynamics,13 
as shown for amorphous and crystalline regions of polyethylene crystals by Spiess and 
coworkers.14,15 
These techniques rely on the deuterated and protonated materials being mixed on a molecular level, 
with ideally the only difference in properties being the property that gives the required contrast. For 
polymers this is not a trivial assumption, as it has been shown that protonated polymer chains in a 
deuterated matrix deviate from ideal theta-condition conformations due to phase separation arising 
from the difference in melting temperature between deuterated and protonated polymers. In 
deuterated semi-crystalline polymers the heavier deuterium atom slightly reduces the bond length 
between carbon and deuterium 16 which in turn reduces the crystal lattice parameters 17 and 
consequently the melting/crystallisation temperatures of deuterated polymers. In n-alkanes 
specifically, the difference in melting point increases with increasing molar mass of the n-alkane,18 
also increasing the upper critical solution temperature of blends containing deuterated and 
protonated analogues of the same polymer. Often phase separation is seen as a hindrance when 
trying to make use of contrast difference for characterisation. However, it can be an advantage in 
the initially disentangled systems investigated in this thesis for a couple of reasons. Firstly the phase 
separation might inhibit entanglement formation, keeping the material in the disentangled state for 
a longer time providing new opportunities for solid state deformation. Secondly, entanglement 
formation in the different isotope regions might be different as one isotope will always be more 
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entangled than the other due to the synthesis procedure which induces more entanglements at the 
start of the reaction than at the end.19 The melting point variation can then be utilised to investigate 
entanglement formation for each region separately.  
As described in chapter  2 and  3, the chain dynamic is changing with time in the disentangled 
UHMWPE melt depending on the increasing entanglement density. In addition, there is a difference 
in crystalline structure and melting temperature depending on how the material has been 
crystallised, which will be examined in further detail in chapter  5 and  6. Therefore we can make use 
of the new characterisation opportunities provided by having (partly) deuterated disentangled 
UHMWPE. This chapter describes the synthesis of fully deuterated UHMWPE analogues (dPE) of two 
molar masses, as well as the synthesis of two block copolymers consisting of blocks of both dPE and 
protonated UHMWPE (hPE). These polymers are characterised by rheology and DSC and will be used 
in chapter  5 for further DSC experiments and chapter  6 for neutron scattering. 
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4.2 Fully deuterated UHMWPE 
4.2.1 Synthesis 
Fully deuterated UHMWPE (dPE) was synthesised using the standard procedure for the fully 
protonated UHMWPEs (hereafter denoted as hPE) as described in chapter  2.2.2, with the following 
differences. A reaction volume of 300 ml of toluene (anhydrous 99.9%, Sigma-Aldrich) was used, 
keeping catalyst (FI11, Figure  1-4, MCat) and MAO (10% by weight in toluene, Albemarle) ratios with 
regard to toluene constant. Additionally, the deuterated ethylene monomer (99% deuterated, 
Sigma-Aldrich) was fed from a gas cylinder (400 ml, filled at 40 bar) through a copper S-trap to 
remove any last traces of oxygen or water. This prevented using the gas control unit, necessitating 
the use of a balance to measure weight loss of the monomer-containing cylinder in order to 
determine the uptake of ethylene in grams. This was then converted to the uptake in litres using an 
empirical constant determined from syntheses with protonated ethylene for ease of comparison. 
After the required amount of monomer had entered the reactor vessel the cylinder was closed and 
the vessel was allowed to go under vacuum to ensure that most, if not all, monomer was consumed. 
After the reaction had finished air was allowed into the vessel and a solution of 10% hydrochloric 
acid in methanol was added to prevent formation of aluminiumoxide, which can hinder rheological 
characterisation. As with fully protonated UHMWPE, the nascent reactor powder was collected by 
vacuum filtration of the reaction solvent, after which the powder was thoroughly washed with 
copious amounts of methanol and acetone to remove traces of hydrochloric acid. Finally the 
polymer was dried in a vacuum oven at 40 °C. In this manner two fully deuterated UHMWPEs were 
synthesised with final yields of 8.2 and 28.5 grams. As shown below, these polymers are estimated 
to have molar masses of 2.1 x106 and 5.4 x106 g/mol and will therefore be labelled as dPE_2.1 and 
dPE_5.4 respectively.  
Figure  4-1 shows the uptake in litres of ethylene as a function of time for dPE_2.1 in comparison 
with the uptake of a standard hPE polymer synthesis. It has to be mentioned that the weighing 
method for measuring ethylene uptake is less accurate than using the gas control unit, but 
considering the accuracy of the balance (two decimal places in grams) and the relatively long 
duration of the reaction the accuracy is considered adequate for comparison. The activity of the 
catalyst for dPE is slightly higher than that for hPE, but the uptake curve follows the same trend 
where the reaction is controlled/(semi)-living for the first couple of minutes, after which the curve 
bends away from its linear slope as a consequence of chain termination processes that cannot be 
completely avoided. The difference can also be explained partly from using a different source of 
monomer. The deuterated monomer is of a lesser purity grade than the protonated ethylene used, 
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but is passed through an oxygen trap, with the final purity likely surpassing that of the protonated 
ethylene. This would lead to less catalyst deactivation and therefore a higher perceived activity. 
 
Figure  4-1: Ethylene uptake during the synthesis in litres for dPE_2.1 compared to a standard 
synthesis of protonated PE (hPE_2.3). 
4.2.2 Rheological characterisation 
For rheological characterisation the nascent dPE powders were sintered by compression moulding 
into discs of roughly 650 µm thickness and 35 mm diameter in similar fashion as fully protonated 
polymers. However, as mentioned above, dPE has a lower melting temperature than hPE and 
sintering needs to be done below the starting temperature of melting to retain the low 
entanglement density of the nascent material. Therefore moulding of dPE was done at 120 °C 
instead of 125 °C, the temperature used for hPE. Compression moulding load was kept the same at 
an average of 20 tons for 20 min. For rheological characterisation 12 mm diameter disc were 
punched from the mould. Rheological experiments were carried out in the melt at 160 °C in a stress-
controlled DHR-2 rheometer from TA Instruments as described in chapter  2.2.3. Oscillatory time 
sweeps are carried out at 0.5% strain and a frequency of 10 rad/s while frequency sweeps are 
performed using 0.5% strain, while always ensuring the polymer is in the linear viscoelastic regime. 
Figure  4-2 shows the elastic modulus increase during equilibration for melts of dPE_2.1 and dPE_5.4 
at 160 °C compared to hPE_2.3 and hPE_5.6 (see chapter  2 and  3), which have similar molar masses. 
The low G’ starting value and significant molar mass dependant modulus build-up to the equilibrium 
plateau indicate that the method employed to synthesise ‘disentangled’ UHMWPE, as described in 
previous work and in chapter  2.2.2 of this thesis, is also valid for the deuterated polymer. 
Equilibration behaviour of dPE_2.1 is very similar to hPE_2.3 but stabilises at a slightly higher value. 
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Analogous to protonated UHMWPEs, the higher molar mass dPE_5.4 increases more slowly towards 
equilibrium. Compared to hPE_5.6, equilibration is slow even for this high molar mass and this can 
be a consequence of an inadequate pressure control during synthesis of dPE_5.4 leading to a higher 
entanglement density and larger fraction of high molar mass components in this polymer. This 
would also explain the higher starting value of G’ compared to dPE_2.1, where normally a higher 
molar mass material would have a lower elastic modulus at the start of equilibration. Pressure 
control was improved for dPE_2.1 and as a consequence dPE_5.4 is only shown as indication of the 
possibility to synthesise large molar masses with this technique. Because the reaction of dPE_2.1 
was better controlled and the polymer is faster to equilibrate, and thus less susceptible to thermal 
degradation, this material is used in further experiments. 
 
Figure  4-2: Elastic modulus build-up, as a function of time in the melt, of dPE_2.1 and dPE_5.4, 
compared to hPE_2.3 and hPE_5.6. 
Figure  4-3 shows the relaxation behaviour of both deuterated polymers in equilibrium with the 
elastic (G’) and loss (G’’) modulus as a function of frequency. Again, the relaxation behaviour is very 
similar to that of protonated UHMWPE as seen when comparing the spectra with protonated 
polymers of similar molar mass (hPE_2.3 and hPE_5.6, black symbols in Figure  4-3). When the Mead 
model (see chapter  2.3.1) is applied, the relaxation spectra correspond to polymers with molar 
masses of 2.1 x106 and 5.4 x106 g/mol with molecular weight distributions of 1.7 and 3.7 respectively. 
This is when parameters for protonated PE are used, which is not entirely accurate, especially in case 
of the molecular friction coefficient. However, considering the large inherent error margin of the 
technique and the fact that the dPE polymers are made to be compared with hPE, these values are 
sufficient as an estimate. Step stress experiments have been carried out on dPE_2.1 and are 
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converted to frequency domain (as described in chapter  3) to extend the frequency range. As 
Figure  4-3 shows, there is good overlap in the medium frequency region. The terminal region shows 
a slight deviation at frequencies below 5.0 x 104 rad/s as both G’ and G’’ bend away from the 
theoretical frequency dependence of ω2 and ω1 respectively. This can be an indication of some high 
molar mass fraction or crosslinking in the polymer melt due to traces of oxygen in the nitrogen 
atmosphere, but considering the inaccuracy of even the step strain experiments in this timeframe it 
is neglected in the further discussion. 
 
Figure  4-3: Frequency dependent elastic (closed symbols) and loss (open symbols) moduli of 
deuterated homopolymers dPE_2.1 and dPE_5.4 (black) compared to their protonated 
counterparts hPE_2.3 and hPE_5.6 (red). Frequency range of dPE_2.1 is extended to lower 
frequencies by converting creep compliance as described in chapter  3 (red crosses). 
4.2.3 Thermal characterisation 
For Differential Scanning Calorimetry (DSC) 1.50 ± 0.05 mg of nascent polymer powder is placed in a 
Tzero aluminium pan with lid. Unless otherwise mentioned, heating and cooling rates are 10 °C/min. 
Melting and crystallisation traces from nascent dPE_2.1 and dPE_5.4 powders are shown in 
Figure  4-4, compared with hPE_2.3 as a representative sample for all protonated homopolymers. 
The values of both the nascent melting point Tmn and the crystallisation temperature Tc are lower for 
the deuterated polymers than for their counterparts consisting of hPE. This is an expected effect of 
the deuteration, which is known to reduce the melting temperature of (semi)-crystalline n-alkanes 
where the amount of reduction is dependent on the length of the n-alkane. Because of the very high 
molar mass the difference in melting temperature between nascent protonated and deuterated 
UHMWPEs is around 6 °C. 
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Figure  4-4: DSC heating and cooling traces of dPE_2.1 and dPE_5.4 in comparison with hPE_2.3, a 
representative sample for all protonated homopolymers. 
As is the case in hPE, the initial high temperature of the melting peak of the nascent materials (Tmn) 
is decreased after crystallising from the polymer melt (Tmmc). This effect is common to all UHMWPE 
nascent reactor powders, even for commercial ‘entangled’ polyethylenes synthesised in the classical 
way using Ziegler-Natta catalysts, although the shift happens at lower temperatures in those 
polymers. In the case of the ‘disentangled’ hPEs discussed here, Tmn is around 141 °C, close to the 
equilibrium melting temperature of chain extended PE,20,21 and shifts to a Tmmc of 135-136 °C after 
crystallisation from the melt. This shift has been attributed to constraints formed at the crystal 
edges during the polymerisation, which disappear upon melting and are not reformed during 
crystallisation from the melt. Detailed NMR studies have recently confirmed that methylene units 
residing in the amorphous region of nascent and solution crystallised films of UHMWPE possess 
restricted chain mobility similar to long alkanes.22 Such a possibility arises due to the high amount of 
adjacent re-entrant chains in the nascent UHMWPE crystals compared to melt-crystallised UHMWPE 
and has implications in the ease in solid state deformation.23 Since the technique used for the 
synthesis of the dPE polymers is the same as for hPE, it is expected that a similar shift from Tmn to 
Tmmc occurs in the deuterated polymers as well. Figure  4-5 shows that this is indeed the case, with a 
shift of 5 °C from Tmn = 134 °C to Tmmc = 129 °C. This shift will be further elaborated upon in 
section  4.3.4 and chapter  5. 
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Figure  4-5: Melting endotherms of dPE_2.1 and hPE_2.3, from crystals in the nascent and melt- 
crystallised state. 
In conclusion, the combination of rheology and DSC indicates that it is indeed possible to make 
disentangled UHMWPE from a deuterated monomer and that these materials behave very similarly 
to their protonated counterparts, apart from the significant shift in melting/crystallisation 
temperatures. The isotope switch can be useful for further examination of the equilibration process 
as it allows for an extension of the range of available characterisation techniques such as 2H NMR 
and SANS. 
4.3 Protonated-deuterated UHMWPE block copolymers 
As mentioned above, replacing the hydrogen atoms in polyethylene for deuterium is a commonly 
used technique, especially for generating contrast between the two isotopes in neutron scattering 
experiments. Due to the chemical similarities it was thought for a long time that blending a small 
amount of one isotope into a matrix of the other would not affect the equilibrium chain 
configurations. However, it was noticed that in the melt, protonated PE chains in a deuterated PE 
matrix show a deviation from Gaussian random walk behaviour.11 Moreover, when not immediately 
quenched, blends with even small amounts of a different isotope would tend to phase separate 
while crystallising.24 This phase separation is not due to an inherent incompatibility of the two 
isotopic components but arises because hPE crystallises faster than dPE from the blend melt and 
phase separation occurs during the crystallisation process if the cooling rate is not high enough.25,26 
The reason for this is that substituting hydrogen with deuterium in n-alkanes decreases the melting 
point where the temperature difference increases with increasing molar mass. The decrease in 
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melting temperature is attributed to a more compact crystalline lattice because of the shorter C-D 
bond length,17 which suppresses lattice vibrations in the deuterated n-alkanes. The effect of this is 
that blends of deuterated and protonated n-alkanes have an upper critical solution temperature 
(UCST) below which the components are immiscible and tend to phase separate. The UCST increases 
with increasing molar mass. 
It is possible to make use of this immiscibility to delay or inhibit entanglement formation and of the 
melting temperature differences to separate and quantify entanglement formation in UHMWPE if 
dPE and hPE components could be incorporated in the same chain. In the following section of this 
chapter the synthesis of UHMWPE block copolymers, consisting of hPE and dPE blocks, is described. 
4.3.1 Synthesis of pure protonated block copolymer analogues 
Before discussing the synthesis of block copolymers of dPE and hPE, verification of the ability of the 
catalyst to make block copolymers is required. For the verification, polymers were synthesised using 
the synthetic techniques used for the synthesis of dPE_2.1 (see chapter  4.2.1), but with the 
difference that after specific times the ethylene flow was stopped and the reactor was allowed to 
consume the remaining monomer, consequently lowering the pressure in the vessel. This procedure 
is adopted to mimic the procedure used to switch between protonated and deuterated monomers 
for making block copolymers. In this test experiment, instead of switching between monomers after 
each stop, as will be the case in the block copolymer synthesis, only protonated ethylene is used. 
The resulting polymers, which are essentially hPE homopolymers in this test study, are then 
characterised using rheology. Characterisation is done to verify the total molar mass and to see if 
there are signatures of a bimodal molar mass distribution. Three polymers were synthesised 
following this procedure, where the length of the block is determined by the amount of ethylene 
consumed: 
• hPE-hPE small-large 
• hPE-hPE large-small 
• hPE-hPE-hPE small-large-small 
The expected total molar mass of all these materials (based on added amount of monomer) was 
kept constant at 4.4 x106 g/mol with each small block making up around 15% of the total mass (0.7 
x106 g/mol) while the large block molar mass varied depending on the amount of small blocks in the 
polymer. The ethylene uptake in time during the synthesis is shown in Figure  4-6 for all three 
polymers where the lines parallel to the time axis are the periods when no new ethylene is added to 
the system and the reactor is allowed to go to low pressure by consuming the remaining ethylene in 
the vessel. The detailed procedure adopted is as follows: prior to the addition of catalyst, the 
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reaction medium was first saturated with ethylene and additional monomer needed for the 
synthesis of the first ‘block’ was allowed into the reactor vessel. On addition of the catalyst, the non-
monotonic increase at the start of the reactions becomes visible for the polymers starting with a 
small ‘block’. Whenever a new ‘block’ region was started after the reactor had been under vacuum a 
sharp increase in ethylene uptake is observed as the vessel is filled. Then the uptake is slowed down 
and follows the usual uptake progress of a semi-living/controlled polymerisation (see chapter  4.2.1 
for an example). It has to be mentioned that the amount of monomer needed for the small blocks is 
close to the amount that can be added to the reaction solvent and vessel and thus it is hard to 
appreciate from the uptake curves if the catalyst is still active for the small blocks at the end of the 
reactions. However, when monomer addition was stopped the pressure started to decrease in both 
cases, indicating that the catalyst was still active and consuming ethylene, thereby reducing the 
pressure in the system. 
 
Figure  4-6: Ethylene uptake versus time for syntheses of hPE homopolymer block analogues with 
horizontal breaks in uptake corresponding to the periods where no additional monomer is allowed 
in the reactor vessel in order to simulate switching of isotopes.  
Keeping the total added ethylene monomer constant for all polymerisation conditions is likely to 
result in the same expected molar mass for each polymer. To verify such a possibility, the 
synthesised polymers were tested by rheology and the resulting viscoelastic spectra (normalised by 
G’ value at 10 rad/s) are shown in Figure  4-7 compared to a standard hPE homopolymer with the 
expected molecular weight, hPE_4.4. From the figure it is apparent that the relaxation behaviour of 
all polymers is very similar and it is therefore not surprising that the estimated molar mass of all 
three polymers is approximately 4.4 x106 g/mol. Molar mass was determined by the algorithm 
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developed by Mead, using a uni-modal Schultz distribution. Changing the parameters to a bi-modal 
distribution did not improve the fit and the only evidence that there could be a small amount of 
lower molar mass component is found for the small-large sample where the G’’ values at high 
frequency are slightly lower than expected. However, from these results we can conclude that the 
polymerisation of protonated-deuterated copolymers can be carried out using the method 
employed here. 
 
Figure  4-7: Relaxation spectra of hPE homopolymer synthesised with breaks in ethylene feeding to 
simulate block copolymer synthesis. 
From the ethylene uptake data for pure hPE and dPE (Figure  4-1), the catalyst is found to be as 
active (if not more active) for the deuterated ethylene monomer as it is for the protonated 
monomer. Therefore, we ensure to feed only one isotope at the time by allowing enough dead time 
between isotope transitions. Then the synthesised hPE-dPE copolymers are expected to be the 
intended block copolymers, although there will be a transition region while changing the feed and 
traces of homopolymer of the first block. Unfortunately it is not possible to directly quantify the 
amount of these traces due to the high molar mass making the polymer unsuitable for 
characterisation by GPC. Rheological characterisation as described above is also not possible as the 
relaxation behaviour of the block copolymers is not solely determined by molar mass (distribution) 
but also by the immiscibility of the hPE and dPE blocks of high molar mass. 
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4.3.2 Protonated-deuterated block copolymer synthesis 
The protonated-deuterated block copolymers were synthesised using a procedure similar to the one 
used for the synthesis of deuterated homopolymers, described in chapter  2.2.2, with the difference 
that when needed the deuterated monomer feed was stopped and switched for protonated 
ethylene for the required time. The detailed polymerisation conditions such as monomer pressure, 
catalyst and co-catalyst concentration, solvent type, polymerisation temperature, and quenching 
procedure were kept the same as in the standard procedure (chapter  2.2.2). For switching of the two 
monomers a three-way valve was used for the connection of protonated ethylene and deuterated 
ethylene cylinders to the reaction vessel. At the start of the reaction, after catalyst injection, the 
reactor was put under vacuum after which the required monomer for the first block was allowed 
into the vessel while carefully measuring the weight of the corresponding cylinder. After insertion of 
the required amount of ethylene in the vessel, the cylinder was closed and the reactor was allowed 
to decrease in pressure to ensure that nearly all monomer was consumed. Subsequently, the 
procedure was repeated with the monomer of the following block. Linear progression of monomer 
uptake in time showed that the catalyst remained semi-living during the entire synthesis. In this way 
a di-block copolymer with blocks of hPE and dPE with roughly equal molar masses (hPE-dPE) and a 
tri-block copolymer with a dPE centre block and shorter hPE blocks at the tail ends (hPE-dPE-hPE) 
were synthesised. Monomer uptake versus reaction time for each polymer is shown in Figure  4-8 
and compared to homopolymers from protonated and deuterated polyethylene, see Figure  4-1. All 
monomer uptake curves show a quick rise at the very start of the polymerisation, when the reactor 
vessel is filled up from vacuum, followed by a linear increase with reaction time, showing a 
controlled reaction within the timeframe of the synthesis. Considering the ethylene uptake to follow 
the same trend for all blocks, including the ones after the first block, it can be stated that the 
catalyst remains active, even after the reactor vessel has gone under low pressure repeatedly. These 
observations are in accordance with the synthesis of protonated polymers in blocks as shown in 
chapter  4.3.1. 
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Figure  4-8: Monomer uptake versus reaction time for both block copolymers, when compared to 
homopolymers hPE_2.3 and dPE_2.1. 
It has to be considered that due to the adopted synthetic procedure, and specifically residual 
monomer dissolved in the polymerisation solvent, the demarcation between blocks along the 
polymer chain will not be sharp but is likely to consist of a transition region of random 
copolymerised hPE and dPE. However, because of the large molar masses of the blocks the mixed 
amount present at the transition region will not be an issue. Also, as with all coordination-insertion 
polymerisations, the traces of hPE homopolymer and (in the case of the tri-block) hPE-dPE block 
copolymer caused by premature chain termination cannot be overlooked. However, rheological, 
thermal and NMR characterisations shown in the rest of the chapter indicate that the main 
component of the synthesised polymer consists of the intended block copolymer. 
Because of the immiscibility of the protonated and deuterated blocks, which would influence the 
relaxation of the polymer chains and subsequently the relaxation spectrum, molar mass of the 
synthesised blocks and overall molar mass of the copolymers cannot be accurately determined by 
rheology. Thus the method developed for the determination of molar mass for homopolymers, as 
described in chapter  2.3.1, cannot be applied for block copolymers. Moreover, because of the high 
molar mass, Gel permeation chromatography is not a suitable technique for molar mass 
determination. For similar reasons fractionation is also not an option to separate out the unintended 
components resulting from the synthetic procedure.  
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For estimation of the molar masses of the block copolymers, homopolymers were synthesised as 
calibrants using polymerisation conditions similar to those used for the block copolymers. This 
approach was adopted to overcome the issues of immiscibility between protonated and deuterated 
components in the block copolymers with the aim of using the method described in chapter  2.3.1 for 
molar mass estimation. The corresponding molar masses of the hPE calibrants were estimated to be 
2.3 x106 g/mol for the polymer corresponding to the first block of the di-block copolymer (hPE_2.3, 
see chapter  2 and  3) and 0.7 x106 g/mol for the polymer corresponding to the first (and third) block 
of the tri-block copolymer (see Figure  4-9 for oscillatory frequency sweep used to determine molar 
mass of this calibrant polymer). The amount of deuterated monomer used for the dPE blocks was 
the same as for the deuterated homopolymer dPE_2.1 (chapter  4.2), which corresponded to a 
molecular weight of 2.1 x106 g/mol. During the synthesis the catalyst is allowed to consume the total 
amount of monomer added to the vessel and the monomer composition was changed only after full 
consumption. It is therefore reasonable to assume that the molar masses of the blocks in the block 
copolymers will be similar to the ones measured in the homopolymers, at least within error margin 
of the rheological characterisation used to determine the molecular weights.  
 
Figure  4-9: Oscillatory frequency sweep of a protonated PE homopolymer with equal uptake as the 
short protonated blocks in the tri-block copolymer as used for determination of molar mass 
(distribution). 
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To summarise: the di-block copolymer consist of an hPE block of molar mass 2.3 x106 g/mol and a 
dPE block of molar mass 2.1 x106 g/mol, making the total molecular weight 4.4 x106 g/mol. The tri-
block copolymer consists of a dPE middle block of molar mass 2.1 x106 g/mol with hPE blocks of 
molar mass 0.7 x106 g/mol on either end, making the total molecular weight 3.5 x106 g/mol. The 
block copolymers are shown schematically in Figure  4-10. 
 
Figure  4-10: Schematic representation of the di-block (left) and tri-block (right) copolymer 
synthesised as described in this chapter, consisting of protonated (black) and deuterated (red) 
UHMWPE blocks with transition regions of random copolymer (dashed black and red). 
4.3.2.1 Connectivity between blocks in block copolymers 
As a verification of the connectivity between blocks in the block copolymers, NMR experiments have 
been carried out by Dr Verhoef and Prof Kentgens at Nijmegen University, the conclusions of which 
will be briefly summarised here with more information available in a publication under preparation 
by Verhoef et al. Figure  4-11 shows experimental results from 1H, 2D and 13C NMR measurements on 
the tri-block copolymer. Figure  4-11a shows 13C NMR spectra under magic angle spinning for dPE_2.1 
(purple), hPE_2.3 (black) and the tri-block copolymer (red) in the solid state, showing the presence 
of both protonated and deuterated polyethylene in the block copolymer. Figure  4-11b gives the area 
of the cross peaks between proton and carbon (mono-clinic, black and crystalline, red) and between 
deuteron and carbon (blue) after cross polarization between proton and carbon for varying contact 
times. A build-up in cross polarization is only possible between protons and deuterons in very close 
proximity. Therefore the increase of the deuteron-carbon cross peak area at longer contact times 
indicates covalent attachment of carbons next to 1H and 2D, as protons and deuterons on different 
chains are likely to be too far apart. Figure  4-11c shows diffusion rates of protonated and deuterated 
chain segments from the crystalline to the amorphous phase. The close to parallel dependence on 
exchange time suggests a simultaneous and cooperative movement of polymer chains, giving a 
second indication that the tri-block copolymers chains are covalently attached. 
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Figure  4-11: NMR experimental results from measurements on tri-block copolymer with a) 13C 
NMR spectra under magic angle spinning for dPE_2.1 (purple), hPE_2.3 (black) and the tri-block 
copolymer (red) in the solid state, b) area of the cross peaks between 1H and 13C and between 2D 
and 13C after 1H-13C cross polarization for varying contact times, c) diffusion rate of hPE and dPE 
chain segments from the crystalline to the amorphous phase. It has to be noted that the diffusion 
rate is measured below the α-relaxation temperature of linear polyethylene, which is 
approximately 90 °C. 
4.3.3 Rheological characterisation of block copolymers 
For rheological characterisation, the block copolymers were sintered by compression moulding in 
the usual way (see chapter  4.2.2) but due to the difference in melting temperatures (see 
chapter  4.3.4) the sintering was carried out at 123 °C and 122 °C for the di- and tri-block copolymers 
respectively. Figure  4-12 shows the elastic modulus during equilibration of the block copolymers in 
the melt at 160 °C. The low starting value of G’ is indicative of the anticipated low entanglement 
density state that is characteristic of hPE and dPE homopolymers synthesised in the same way as the 
block copolymers. However, compared to homopolymers, slow equilibration rates and low ultimate 
value of G’ are apparent. This is especially obvious for the di-block copolymer, with G’ starting at a 
value expected for a high molar mass disentangled UHMWPE (0.4 MPa) but only reaching 0.6 MPa 
when in the melt for more than two days. In comparison, G’ of either pure hPE or dPE (of similar 
total molar mass) increases to a stable equilibrium value of about 2.0 MPa within two days, which is 
consistent with a molar mass between entanglements Me in the range of 800 - 1900 g/mol. To 
quantify the slower rate of elastic modulus increase the build-up model described in chapter  2 is 
used where the modulus build-up is fitted to eq 4-1: 
 
𝐺𝐺′(𝑡𝑡) = 𝐺𝐺𝑁𝑁 −�𝐺𝐺′𝑖𝑖exp (−𝑡𝑡/𝜏𝜏𝑚𝑚𝑖𝑖)𝑁𝑁
𝑖𝑖=1
 (4-1) 
 
where G’i is the increment in elasticity corresponding to the relaxation mode with characteristic time 
τmi. Two modes are used to account for 1) a fast initial build-up related to entropic mixing and 
segmental dynamics and 2) a subsequent slower build-up as entanglements become more 
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noticeable and diffusion dynamic takes over. Table  4-1 compares the equilibration of homopolymers 
of both dPE and hPE of different masses to G’ increase of the di- and tri-block copolymers. 
Table  4-1: Build-up parameters of hPE and dPE homopolymers of varying molar masses and 
dPE/hPE block copolymers. 
Polymer G
seg
 τ
seg
 G
dif
 τ
dif
 
hPE_2.3 0.53 3500 0.18 17000 
hPE_4.4 0.15 2500 0.40 30000 
hPE_5.6 0.20 5600 0.40 64000 
dPE_2.1 0.52 2400 0.19 15000 
dPE_5.4 0.09 7500 0.54 120000 
Di-block 0.01 270 0.12 30000 
Tri-block 0.11 2900 0.27 62000 
 
Evident from the G’i values for homopolymers is that segmental dynamics play a more important 
role in entanglement formation for the lower molar mass polymers while for higher molecular 
weight materials the biggest increase in modulus is due to diffusion dynamics. As expected, an 
increase in molecular weight also increases the characteristic times in both segmental and diffusion 
dynamics, with the biggest change taking place in the reptation region. For the block copolymers it is 
important to compare the build-up values with homopolymer hPE_4.4, which has a molar mass that 
is similar to the total expected molecular weight of the block copolymer materials. While the 
characteristic times are similar (di-block) or slightly higher (tri-block) for the block copolymers, the 
major difference is in the increment in elasticity related to these times which is far lower than for 
any of the homopolymers, and reflects the relatively very low ultimate elastic modulus. Stabilisation 
of the increase in modulus at such a low G’ value would indicate a severe hindrance of entanglement 
formation in the block copolymers and a much higher average value of Me at equilibrium. The main 
reason for this would be attributed to micro-phase separation between the regions of hPE and dPE. 
As mentioned earlier, the difference in crystal parameter, lattice vibration and, consequently, 
melting temperature makes hPE and dPE blends incompatible and causes micro-phase separation. 
The two isotopes are less compatible with increasing length of the polymer chains, so with these 
ultra-high molecular weights the phase separation is very apparent and can explain the lack of 
entanglement formation. Entropic barriers further prevent regions of hPE and dPE from mixing and 
therefore the only possible entanglement formation is between regions consisting of the same 
isotope. The better entanglement formation of the tri-block, relative to the di-block, is then a 
consequence of the shorter hPE blocks which would be able to mix and entangle more easily with 
the dPE and the transition regions. The di-block also has a roughly equal amount of dPE and hPE, 
whereas the tri-block has more dPE than hPE. As is common in block copolymers, as well as in 
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polymer blends, micro-phase separation is more evident when the molar ratio of the two 
components is closer to one.27 
 
Figure  4-12: Elastic modulus build-up of di-block (black) and tri-block (red) copolymers in the melt 
at 160 °C. 
The relaxation behaviour of the block copolymers is a second indication of the micro-phase 
separation and connectivity between the protonated and deuterated components in the copolymers. 
Figure  4-13 shows the normalised elastic and loss moduli G’ and G’’ of the block copolymers 
compared to homopolymer hPE_4.4 of similar molar mass. Normalisation by the value of G’ at a 
frequency of 10 rad/s was used to compare the relaxation of the block copolymers with that of the 
homopolymers, which all have different values of G’ in their equilibrium state. It is to be noted that 
the relaxation behaviour is similar to the homopolymer in the high frequency regime (0.1 – 100 
rad/s). However, at frequencies closer to the terminal region, relaxation of the block copolymers is 
hindered, where G’ and G’’ decrease with decreasing frequency approximately parallel to each other. 
To investigate further into the terminal region, the frequency range has been extended to lower 
frequencies by converting the creep compliance from long-time step stress experiments to dynamic 
moduli using the method described in chapter  3. Homopolymer hPE_4.4 has an estimated cross-over 
between G’ and G’’ around 4 x10-4 rad/s after which it transitions to the terminal region where G’ 
and G’’ approach theoretical scaling with frequency ω as G’ ~ ω2 and G’’ ~ ω. Block copolymers with 
incompatible blocks are known to show this parallel moduli behaviour in the terminal regime at 
temperatures where micro-phase separation occurs.28 At higher temperatures, above the upper 
critical solution temperature (UCST) of these materials, the blocks mix and therefore micro-phase 
separation does not occur and the usual relaxation behaviour is found. Unfortunately a higher molar 
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mass increases the UCST in n-alkanes16 and the very high molar masses of the polymers used here 
take the UCST above a temperature at which the polymers start to show significant degradation. 
Also, the terminal region of these high molar mass materials is at such low frequencies that it is not 
possible to investigate more than the start of the region, even using step stress or step strain 
experiments to extend the low frequency region. Apart from being suggestive of micro-phase 
separation, the relaxation behaviour is also another indication that the blocks in the block 
copolymers are covalently connected. Typical terminal relaxation times of polymers with molar mass 
similar to the block constituents (such as the protonated calibrants described in chapter  4.3.2) are in 
the region of 200 s for the blocks in the di-block copolymer and the middle block of the tri-block 
copolymer and 5 s for the blocks at either end of the tri-block copolymers. This leads to modulus 
cross-over frequencies of 5 x10-3 and 2 x10-1 rad/s for these components. Figure  4-13 shows there is 
little to no relaxation at these frequencies, indicating that separate blocks do not form a major 
component of the synthesised materials. 
 
Figure  4-13: Frequency dependent elastic (G’) and loss (G’’) moduli of di-block (black) and tri-block 
(red) copolymers. Frequency range is extended via step stress experiments where the creep 
compliance is converted to moduli as described in chapter  3 (black and red crosses for di- and tri-
block copolymers respectively). Grey lines show relaxation behaviour for homopolymer hPE_4.4 of 
comparable molar mass. 
If entropic barriers are indeed the reason for the hindered entanglement formation, the 
temperature of measurement as well as the thermal history should play an important role. In similar 
disentangled UHMWPE materials as used here, Rastogi et al. described a state where the (purely 
protonated) polymer also showed only marginal elastic modulus build-up in the melt.29 They 
reached this state by annealing the nascent material close to but below the melting point, followed 
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by rapid heating to a temperature significantly above the melting point. The authors proposed the 
hindered build-up was caused by the melting of chain parts at the edges of the polymer crystals 
during the annealing phase. These chain ends could then entangle with each other while the centre 
part of the crystals remained in the nascent disentangled state. A rapid heating would lead to a chain 
explosion of the crystalline centre parts but further entanglement is hindered due to the entangled 
chain ends, leading to a state with a heterogeneous distribution of entanglements. In their case the 
normal entangled equilibrium state could be regained by consecutive crystallisation and re-melting 
of the polymer, with each cycle increasing G’ until the equilibrium value was reached after less than 
10 cycles. To see if the block copolymers exhibit a similar non-equilibrium state, the polymers melts 
were allowed to reach a stable elastic modulus value at 160 °C, after which they were cooled down 
at 10 °C/min to 80 °C, about 10 °C below the α-transition of polyethylene. They were left at this 
temperature for 5 min to allow for crystallisation, after which they were heated at 10 °C/min to 
160 °C, and the cycle was repeated. After the first heating/cooling run there is a minor increase in G’. 
This is likely due to a slightly better contact between rheometer plates and the polymer sample. 
Because of the very high viscosity, even in the melt, the contact between sample and rheometer can 
be suboptimal as the material does not conform to the surface completely. Crystallisation and re-
melting can enhance the contact and the elastic modulus increases due to reduction of experimental 
error from 0.65 MPa to 0.7 MPa for the di-block and from 0.95 MPa to 1.0 MPa for the tri-block. 
After this initial increase, subsequent heating/cooling cycles do not change the elastic modulus. It is 
therefore concluded that the system is not in the non-equilibrium state described by Rastogi et al. 
but that it is micro-phase separation causing the hindrance of entanglement formation between hPE 
and dPE regions and providing heterogeneity. The temperature at which the polymer is kept in the 
melt should also influence entanglement formation, with the higher mobility at higher temperatures 
making for a possible increase in entanglement formation. In addition, a higher temperature should 
also diminish the effect of the entropic barriers between regions of hPE and dPE. To test for this, the 
di-block copolymer was cooled from the melt after the heating/cooling cycles, and heated to 180 °C 
instead of 160 °C. An expected increase in G’ plateau modulus to 0.77 MPa was observed in 
accordance with rubber elasticity theory, which states that G’ is directly proportional to the absolute 
temperature. However, the polymer stabilised at this value and no evidence was found of extra 
build-up due to further mixing of protonated and deuterated components at the elevated 
temperature. The same procedure was repeated, but at a temperature of 200 °C, where G’ increased 
to 0.85 MPa and then (over the course of more than a day) further increased to 0.9 MPa. Higher 
temperatures were not attempted as earlier tests showed significant degradation of the polymer at 
temperatures over 200 °C in the timeframe of the experiments. Once the polymer was cooled to 
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160 °C once more, the modulus had increased to 0.8 MPa, compared to a G’ of 0.7 MPa for the latest 
test at 160 °C, showing that the higher temperature can indeed increase the mixing and/or 
entanglement formation. However, the plateau value of a pure polymer (2.0 MPa) is still a factor two 
higher. The tri-block showed similar behaviour to the di-block. Elastic modulus values for the total 
procedure for both di- and tri-block are shown in Figure  4-14. 
 
Figure  4-14: Elastic modulus build-up of the di-block (a) and tri-block (b) copolymers with standard 
build-up at 160 °C until a plateau is reached. The polymer is then cooled to 80 °C and reheated to 
160 °C, which increases the modulus slightly but a second cycle (and subsequent cycles, not shown 
here) does not increase G’ further. Build-up is then continued at 180 °C and 200 °C subsequently, 
after which it is cooled down to 160 °C again. 
4.3.4 Thermal characterisation of block copolymers 
As previously discussed, the melting temperatures of deuterated and protonated polyethylene differ 
by about 6 °C in the case of high molar mass materials such as the UHMWPEs discussed here. This 
makes for interesting thermal behaviour of the block copolymers consisting of both isotopes. 
Figure  4-15 shows melting endotherms of nascent block copolymer powders and the subsequent 
crystallisation in comparison to hPE and dPE homopolymers. As expected, the melting temperatures 
are in between those of hPE_2.3 and dPE_2.1, with the di-block copolymer exhibiting the higher 
melting point of the block copolymers due to its higher percentage of hPE. In contrast to the melting 
endotherms of the homopolymers, the block copolymers do not show a single melting peak. Instead 
the di-block copolymer shows a significant low temperature shoulder while the tri-block copolymer 
endotherm has a double peak. This is a consequence of the different melting point of the respective 
blocks. The fact that there is no clear split is indication that the material consist mainly of the 
intended block copolymer, see chapter  4.3.1. For a (well separated) blend of deuterated and 
protonated material one would expect a much clearer split of the peaks, where for the block 
copolymers the melting of each block is influenced by the adjacent blocks as well as by the (random 
copolymer) transition regions between the blocks. On crystallisation the trend in temperature is 
Chapter 4 
85 
 
retained, with differences in the crystallisation peak temperatures Tc following the respective 
changes in melting peak temperatures. However, the split peaks for the block copolymers, as visible 
in the melting endotherms, do not appear in the crystallisation exotherm, when cooling at 10 °C/min. 
At these fast cooling rates the main influence on the crystallisation temperature is the average 
composition of the melt.  
 
Figure  4-15: DSC traces of melting from nascent powder and subsequent crystallisation of di- and 
tri-block copolymers compared to protonated (hPE) and deuterated (dPE) homopolymers. 
Upon re-melting the melt crystallised block copolymers, the peak melting temperatures shift 
towards lower temperatures, as is the case in all nascent UHMWPE reactor powders, independent of 
the isotopic composition. As shown in Figure  4-16, the melting temperatures of the di- and tri-block 
copolymers shift to 131.6 °C and 131.0 °C respectively, consistent with the shift of 5-6 °C from 
nascent to melt-crystallised polymer as seen in hPE and dPE homopolymers. Important to notice is 
that the significant shoulder (in case of the di-block copolymer) and double melting peak (in case of 
the tri-block copolymer) are not preserved in the melt-crystallised melting endotherms using 
crystallisation and heating rates of 10 °C/min. As already evident in the crystallisation exotherm, 
quenching at 10 °C/min does not give the copolymers enough time for the isotope regions to 
crystallise separately and subsequent melting instead shows a broadened melting endotherm with a 
peak temperature in between that of the homopolymers. In the following section (chapter  4.3.4.1) 
and in chapter  5, annealing/isothermal crystallisation methods will be discussed that can resolve the 
difference in melting and crystallisation peaks of the block copolymers. Table  4-2 summarises 
melting and crystallisation temperatures of the polymers discussed in this section. 
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Figure  4-16: Melting from nascent powder (top) and from melt-crystallised (bottom) samples of di- 
and tri-block copolymers compared with hPE_2.3 and dPE_2.1. The experiments have been 
performed at a heating rate of 10 °C/min. Melt-crystallised samples were quenched from the melt 
at 10 °C/min. 
Table  4-2: Peak melting and crystallisation temperatures for hPE, dPE and block copolymers. 
Polymer Peak Tm 
Nascent 
Peak Tm 
Melt-crystallised 
Peak Tc 
 
hPE_2.3 139.5 134.2 119.6 
dPE_2.1 134.0 129.4 113.6 
Di-block 138.3 131.6 117.2 
Tri-block 136.7 131.0 116.1 
 
The difference in peak melting temperature between nascent and melt-crystallised UHMWPE should 
allow resolving the differences in melting peaks of the hPE and dPE regions of the block copolymers. 
To do this it is imperative to make sure part of the polymer, in this case the dPE region, crystallises in 
the melt-crystallised form while the other part, the hPE region, is in the nascent crystalline state. 
Two methods can be employed to attain this effect. The first method anneals the polymer at a 
temperature slightly below the peak melting temperature, which allows polymer chains at the sides 
of the crystalline region to reel out from the crystal and melt. When crystallising from this 
temperature these chains then crystallise in the melt-crystallised form with the associated lower 
melting point. It was first used for nascent disentangled UHMWPE by Pandey et al.30 and further 
implications were given by Romano et al.31 The results from the block copolymers, where it is 
possible to use the technique instead to melt only the deuterated PE regions, will be discussed in the 
following section of this chapter. The second method first melts the polymer and then allows the 
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material to crystallise isothermally at a temperature below the melting point but above the onset of 
crystallisation, allowing for the formation of a crystalline region that has a melting point close to that 
of the nascent polymer. This method and its applications in studying the entanglement formation in 
dPE and hPE-dPE block copolymers are discussed in detail in chapter  5.  
4.3.4.1 Annealing below the melting point 
The melting peaks of the nascent di-block and tri-block copolymers can be split up by annealing the 
material at a temperature where the deuterated components melts while the protonated material 
stays (partly) crystalline due to its higher melting point. We investigated the influence of the 
temperature of annealing for both polymers. In this thermal treatment the nascent polymer powder 
is heated to the annealing temperature (Tann) that is within the range of the melting peak of the 
nascent block copolymer powder. At the annealing temperature the sample is kept isothermally for 
tann, which in this case is one hour. After annealing the sample is cooled to 50 °C and reheated to 
160 °C. The second heating run results in resolution of the melting peaks. The DSC traces recorded 
during the second heating run after varying Tann are shown in Figure  4-19 for the di-block (left) and 
tri-block (right) copolymers. All heating and cooling rates for this set of experiments are 1.0 °C/min. 
The procedure is shown schematically in Figure  4-17. 
 
Figure  4-17: Thermal procedure used for annealing the block copolymers below the melting point. 
Tann is the annealing temperature and tann the annealing time. Heating and cooling rates are 
1.0 °C/min. 
Annealing temperatures are decided based on the second derivative (in temperature) of the heat 
flow (blue trace in Figure  4-18), which shows two peaks indicative of the melting of dPE and hPE 
regions with increasing temperature. The melting behaviour after the annealing step and 
subsequent crystallisation (bold heating line in Figure  4-17) can be divided into three regions, 
dependent on the position of Tann with respect to the peaks of the second derivative of the heat flow.  
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Figure  4-18: Heating trace of di-block (a) and tri-block (b) copolymers without annealing (black) 
together with 2nd derivative of the heat flow (blue). Dotted lines denote annealing temperatures. 
When Tann is below the first (low temperature) peak of the 2nd derivative, the heating trace shows 
one narrow high temperature melting peak with a very broad low temperature melting peak. At this 
temperature the protonated material is kept completely crystalline while small sections of the 
deuterated regions will melt. With Tann close to this first peak, two well resolved peaks are observed, 
where the high temperature peak decreases in area compared to the low temperature peak with 
increasing annealing temperature Tann. This is caused by the melting of larger portions of the 
deuterated regions, which then crystallise upon cooling in the melt-crystallised structure and 
therefore melt at Tmmc. The top of the high melting peak stays at a constant temperature Tmn, 
indicating the hPE region undergoes no change. When Tann is in between the two 2nd derivative peaks 
smaller crystals of hPE can melt and/or some chains will be reeled out from the edges of the 
protonated crystals. Thus the low melting peak increases in area and the high melting peak shifts to 
higher temperatures as only the larger (higher melting) hPE crystals are left untouched. Once Tann 
reaches the top of the second peak (of the 2nd derivative curve) all of the material is molten during 
annealing and a low temperature dual peak is observed in the heating trace corresponding to the 
melt crystallised forms of respectively dPE and hPE regions. This is especially obvious in the di-block 
copolymer because of the 50-50 hPE:dPE ratio and the tops of the melting peaks are consistent with 
the melt-crystallised melting temperatures for deuterated and protonated homopolymers around 
130 °C and 135 °C respectively. Notice that the slow melting at this Tann and the lower 
heating/cooling rate mean the isotope regions can crystallise separately. Therefore, in contrast to 
polymers quenched (cooled at 10 °C/min) from 160 °C, the melting endotherm shows a proper 
double melting peak. For the tri-block copolymer the crystallisation and melting of the small blocks 
of hPE is influenced to a larger extent by the deuterated component and even at the low 
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heating/cooling rates the double melting peak obvious in the nascent material is not observed at 
high Tann but instead a broad peak is seen.. 
 
Figure  4-19: Melting behaviour of the di-block (a) and tri-block (b) copolymers after annealing at 
different temperatures (values given in the figure) below the melting point of the nascent 
copolymer and subsequent cooling to 50 °C. 
Because in most cases the low (l) and high (h) melting temperature peaks are well separated it is 
possible to determine the respective melting temperatures Tml and Tmh, and melting enthalpies ∆Hml 
and ∆Hmh. Results are given in Table  4-3 for the di-block and Table  4-4 for the tri-block copolymer. 
Table  4-3: Melting temperatures and enthalpies of the di-block copolymer after annealing for 60 
min at varying Tann. Tml and Tmh are the low and high peak melting temperature, whereas ∆Hml 
and ∆Hmh are the corresponding enthalpies. 
Tann Tml (°C) Tmh (°C) ∆Hml (J/g) ∆Hmh (J/g) 
135.0 - 139.0 - 210.5 
136.0 - 139.2 70.0 124.5 
136.5 130.0 139.2 65.0 110.2 
137.0 132.0 139.9 100.4 49.0 
137.5 131.5 140.9 112.4 2.6 
138.0 135.4 - 117.6 - 
 
Table  4-4: Melting temperatures and enthalpies of the tri-block copolymer after annealing for 60 
min at varying Tann. Tml and Tmh are the low and high peak melting temperature, whereas ∆Hml 
and ∆Hmh are the corresponding enthalpies. 
Tann Tml (°C) Tmh (°C) ∆Hml (J/g) ∆Hmh (J/g) 
135.0 130.4 137.4 71.8 113.0 
135.3 129.8 137.5 75.3 94.4 
135.5 130.0 137.7 87.0 63.0 
135.8 130.9 137.9 103.1 26.6 
136.0 131.3 138.3 112.2 6.4 
137.0 132.2 - 110.7 - 
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The melting enthalpies of hPE and dPE are known for the nascent (n) and the melt-crystallised (mc) 
polymers from the experiments shown above, which are in accordance with the enthalpies reported 
in literature.32 For calculations of the enthalpies arising from melting of the block components in the 
block copolymers, we have used the values for homopolymers hPE_2.3 and dPE_2.1. The 
corresponding values for the homopolymers are ∆Hmn = 230 J/g, ∆Hmmc = 125 J/g for hPE_2.3 and 
∆Hmn = 200 J/g, ∆Hmmc = 100 J/g for dPE_2.1. With the approximate composition of the block 
copolymers at 50/50 wt% hPE/dPE for the di-block copolymer and 40/60 wt% hPE/dPE for the tri-
block copolymer (disregarding weight differences due to isotope variation) it is possible to calculate 
the corresponding enthalpies at the annealing temperature where only the dPE component has 
molten. At the appropriate annealing temperature, when only the deuterated component has 
molten, the enthalpies of the low and high melting peaks during the second heating run (see 
Figure  4-17 for the DSC protocol) should be approximately 100*0.5 = 50 J/g and 230*0.5 = 115 J/g 
respectively for the di-block, and 100*0.6 = 60 J/g and 230*0.4 = 92 J/g respectively for the tri-block. 
For the di-block these values are approached on annealing at 136.5 °C, where the melting enthalpies 
during the second heating run (see Figure  4-19) are found to be 65 J/g and 110 J/g for the low and 
high melting point peak respectively. For the tri-block copolymer the annealing temperature, at 
which only dPE is molten, is shown to be 135.3 °C. After annealing at this temperature ∆Hmmc for the 
dPE region is approximately 75 J/g and ∆Hmn for the hPE blocks is 94 J/g. Peak Tm’s after annealing at 
these temperatures are 130.1 °C for the melt-crystallised dPE region and 139.2 °C for the nascent 
hPE in the di-block copolymer. For the tri-block the analogous temperatures are 129.8 °C for dPE and 
137.5 °C for hPE. These temperatures match well with the homopolymer melting points of hPE_2.3 
and dPE_2.1 (Table  4-2). The relatively low molar mass of hPE in the tri-block results in the slightly 
lower melting point of the nascent polymer. 
For further verification that the low temperature melting peak is from the deuterated component 
only and not a reeled out and melt-crystallised part of the protonated component, the di- and tri-
block copolymers were annealed at respectively Tann = 136.5 °C and Tann = 135.3 °C for varying 
annealing times from 30 to 180 min with the resulting DSC traces shown in Figure  4-20. No changes 
are visible with the changing annealing time, indicating that the hPE regions stay crystalline while 
the deuterated material is molten. 
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Figure  4-20: Melting behaviour of a) di-block copolymer after annealing at 136.5 °C and b) tri-block 
copolymer after annealing at 135.3 °C for tann varying from 30 to 180 min. 
The DSC findings shown in Figure  4-20 for annealing temperatures of 136.0 and 135.3 °C can be 
contrasted by increasing the annealing temperature to Tann = 137.5 °C for the di-block copolymer and 
Tann = 136.0 °C the tri-block copolymer. The small increase of ~1 °C in annealing temperature, with 
tann varied between 5 and 60 min, results into melting behaviour as shown in Figure  4-21. At this 
annealing temperature the deuterated regions are once again completely molten but the 
protonated regions tend to partially melt. The amount of the protonated component that melts 
depends on the annealing time at fixed annealing temperature. These findings are in accordance 
with the earlier findings on homopolymers, confirming that melting takes place by a process 
described as the reeling out of polymer chains from the edges of the protonated crystal into the 
melt.30,31 
 
Figure  4-21: Melting behaviour of a) di-block copolymer after annealing at 137.5 °C and b) tri-block 
copolymer after annealing at 136.0 °C for tann varying from 5 to 60 min. 
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Melting temperatures of both low and high melting peaks and respective enthalpies are shown in 
Table  4-5 and Table  4-6 for di- and tri-block copolymers respectively. It is clear that with longer 
annealing times a larger part of the protonated crystals is molten, which forms the visible shoulder 
on the low melting temperature peak in both materials.  
Table  4-5: Melting temperatures and enthalpies of the di-block copolymer after annealing for 
varying tann with Tann = 137.5 °C. Tml and Tmh are the low and high peak melting temperature, 
whereas ∆Hml and ∆Hmh are the corresponding enthalpies. 
tann (min) Tml (°C) Tmh (°C) ∆Hml (J/g) ∆Hmh (J/g) 
5 130.0 139.8 98.5 53.5 
15 130.4 140.3 107.5 21.4 
30 130.9 140.6 
 
109.0 8.2 
45 131.5 140.9 111.2 4.4 
60 131.5 140.9 112.4 2.6 
 
Table  4-6: Melting temperatures and enthalpies of the tri-block copolymer after annealing for 
varying tann with Tann = 136.0 °C. Tml and Tmh are the low and high peak melting temperature, 
whereas ∆Hml and ∆Hmh are the corresponding enthalpies. 
tann (min) Tml (°C) Tmh (°C) ∆Hml (J/g) ∆Hmh (J/g) 
5 130.3 137.6 93.8 62.9 
15 130.5 137.8 102.8 33.5 
30 130.9 138.2 112.7 16.3 
45 131.3 138.2 112.0 10.6 
60 131.3 138.3 112.3 6.3 
 
The DSC results summarised above clearly demonstrate the possibility of resolving the melting 
temperatures of regions of different isotopic composition connected in block copolymers. This 
approach gives the opportunity to investigate entanglement formation by DSC within each region, 
following the isothermal crystallisation method specific to disentangled UHMWPE described in the 
PhD thesis of K. Liu.33 The experimental findings following this approach will be described in detail in 
the following chapter. 
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4.4 Conclusions 
In this chapter it is shown that it is possible to synthesize fully deuterated analogues of Ultrahigh 
Molecular Weight Polyethylene with a low molar mass between entanglements in the nascent state. 
The polymers of two different molar masses are shown to exhibit the same peculiar behaviour in the 
melt state as the protonated ‘disentangled’ UHMWPE polymers discussed in chapter  1 through  3. 
Upon melting, the elastic modulus G’ in the rubbery plateau region of dPE homopolymer increases 
monotonically to the equilibrium value. These findings are comparable with that of protonated hPE 
and the relaxation behaviour in equilibrium is also independent of the isotope. Differences do arise 
in the thermal behaviour where the shorter carbon-deuterium bond causes a small deviation in 
crystalline unit cell parameters and vibrational modes leading to dPE crystals having a lower melting 
temperature than their hPE counterparts. This melting point difference increases with increasing 
chain length and in the case of UHMWPE is around 6 °C.  
The differences between physical characteristics of hPE and dPE can be explored by synthesising 
block copolymers consisting of blocks of the two isotopically different polymers. The two syntheses 
described in this chapter yielded a di-block copolymer with one hPE and one dPE block with 
estimated weight average molar masses of 2.3 x106 and 2.1 x106 g/mol respectively and a tri-block 
copolymer with a similar dPE block (estimated Mw = 2.1 x106 g/mol) having a smaller (estimated Mw 
= 0.7 x106 g/mol) hPE block on each end. NMR experiments show polarisation transfer between 
deuterons and protons and show similar chain diffusion rates for deuterated and protonated 
components, suggesting covalent connectivity between the blocks of the copolymers. Moreover, 
chain relaxation times as measured by rheology are orders of magnitude longer than expected for 
polymers with molar mass of one block component, giving more indication of covalent attachment. 
Due to the melting point differences between the two isotopically different block components these 
copolymers exhibit micro-phase separation and consequently entanglement formation is severely 
hindered. Equilibration therefore proceeds at a much slower pace compared to homopolymers of 
similar molar mass. The ultimate elastic modulus reached, once stabilised, by these initially 
disentangled block copolymers is at least a factor of two lower than that of a homopolymer in its 
equilibrium melt state. Thus these block copolymers maintain their disentangled melt state within 
the experimental timescale of several days. This opens possibilities for disentangled block 
copolymers of UHMWPE and any incompatible polymer, such as the deuterated isotope described 
here or other polyolefins such as polypropylene, to result into a long-lasting non-equilibrium melt 
state with distinct relaxation behaviour and corresponding crystallisation under flow and quiescent 
conditions. Furthermore, the melting point difference and the shift in melting point between 
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nascent and melt-crystallised UHMWPE allow for a clear separation of melting peaks between hPE 
and dPE regions within the same polymer.  
4.5 References 
                                                          
1 Krigbaum, W. R.; Godwin, R. W., J. Chem. Phys., 1965, 43, 4523-4524 
2 Kirste, R. G.; Kruse, W. A.; Schelten, J., Die Makromolekulare Chemie, 1972, 162, 299-303 
3 Ballard, D. G. H.; Wignall, G. D.; Schelten, J., European Polymer Journal, 1973, 9, 965-969 
4 Cotton, J. P.; Decker, D.; Benoit, H.; Farnoux, B.; Higgins, J.; Jannink, G.; Ober, R.; Picot, C.; des 
Cloizeaux, J., Macromolecules, 1974, 7, 863-872 
5 Richter, D.; Farago, B.; Fetters, L. J.; Huang, J. S.; Ewen, B.; Lartigue, C., Phys. Rev. Lett., 1990, 64, 
1389-1392 
6 Richter, D.; Butera, R.; Fetters, L. J.; Huang, J. S.; Farago, B.; Ewen, B., Macromolecules, 1992, 25, 
6156-6164 
7 Richter, D.; Willner, L.; Zirkel, A.; Farago, B.; Fetters, L. J.; Huang, J. S., Phys. Rev. Lett., 1993, 71, 
4158-4161 
8 Richter, D.; Willner, L.; Zirkel, A.; Farago, B.; Fetters, L. J.; Huang, J. S., Macromolecules, 1994, 27, 
7437-7446 
9 Schleger, P.; Farago, B.; Lartigue, C.; Kollmar, A.; Richter, D., Phys. Rev. Lett., 1998, 81, 124-127 
10 Sadler, D. M.; Keller, A., Polymer, 1976, 17, 37-40 
11 Sadler, D. M.; Keller, A., Macromolecules, 1977, 10, 1128-1140 
12 Yoon, D. Y.; Flory, P. J., Polymer, 1977, 18, 509-513 
13 Lewinksi, L. W., Ann. Rev. Mater. Sci., 1985, 15, 359-377 
14 Hentschel, D.; Sillescu, H.; Spiess, H. W., Makromol. Chem., 1979, 180, 241-249 
15 Hentschel, D.; Sillescu, H.; Spiess, H. W., Macromolecules, 1981, 14, 1607-1608 
16 Bates, F. S.; Wignall, G. D., Phys. Rev. Lett., 1986, 57 (12), 1429-1432 
17 Martonak, E.; Paul, W.; Binder, K., Phys. Rev. E, 1998, 57, 2425-2437 
18 Dorset, D. L.; Strauss, H. L.; Snyder, R. G., J. Phys. Chem., 1991, 95, 938-940 
19 Pandey, A. V., PhD Thesis ‘Nonlinear viscoelastic response of a thermodynamic metastable polymer 
melt’, 2011, Loughborough University 
20 Kamide, K.; Ohno, K.; Kawai, T., Makromol. Chem., 1970, 137, 1-7 
21 Broadhurst, M. G., J. Chem. Physics, 1962, 36, 2578-2582 
22 Yao, Y.; Rastogi, S.; Xue, H. J.; Chen, Q.; Graf, R.; Verhoef, R., Polymer, 2013, 54, 411-422 
23 Rastogi, S.; Yao, Y.; Ronca, S.; Bos, J.; van der Eem, J., Macromolecules, 2011, 44, 5558-5568 
24 Schelten, J.; Wignall, G. D.; Ballard, D. G. H., Polymer, 1974, 15, 682-685 
Chapter 4 
95 
 
                                                                                                                                                                                    
25 Stehling, F. C.; Ergos, E.; Mandelkern, L., Macromolecules, 1971, 4, 672-677 
26 Schelten, J.; Wignall, G. D.; Ballard, D. G. H.; Longman, G. W., Polymer, 1977, 18, 1111-1120 
27 Buckingham, A. D.; Hentschel, A. G. E., J. Pol. Sci. Pol. Phys., 1980, 18, 853-861 
28 Bates, F. S., Macromolecules, 1984, 17, 2607-2613 
29 Rastogi, S.; Lippits, D. R.; Peters, G. W. M.; Graf, R.; Yao, Y.; Spiess, H. W., Nat Mater, 2005, 4, 635-
641 
30 Pandey, A.; Toda, A.; Rastogi, S., Macromolecules, 2011, 44, 8042-8055 
31 Romano, D.; Tops, N.; Andablo-Reyes, E.; Ronca, S.; Rastogi, S., Macromolecules, 2014, 47, 4750-
4760 
32 Mandelkern, L.; Allou, A. L.; Gopalan, M., J. Phys. Chem., 1968, 72 (1), 309-318 
33 Liu, K. PhD Thesis ‘Stabilization of non-equilibrium melt in a linear polyethylene in the presence of 
reduced graphene oxide nanoplatelets’, 2015, Loughborough University 
5 Influence of the thermodynamic state and crystallisation on 
melting behaviour of (partly) deuterated disentangled UHMWPE 
 
 
 
Abstract 
In this chapter the influence from the thermodynamic state of the initially disentangled non-
equilibrium UHMWPE polymer melt on the subsequent crystallisation behaviour is investigated. 
Crystallisation of less entangled regions and highly entangled regions within the heterogeneous non-
equilibrium melt is separated by adding an isothermal crystallisation step during cooling from the 
melt, resulting in the formation of two crystal morphologies having different melting points. The 
ratio of these crystal morphologies is found to be dependent on the thermodynamic state of the 
polymer melt prior to crystallisation. The high melting crystals, with a melting point close to the 
equilibrium melting temperature, can surprisingly be formed even from polymers that are fully 
equilibrated. This might be indication that the entangled state formed on equilibration of initially 
disentangled UHMWPE is different from the entangled state formed during synthesis in UHMWPE 
synthesised by Ziegler-Natta catalysts. The isothermal crystallisation procedure was also applied to 
protonated-deuterated block copolymers in combination with the annealing method described in 
chapter  4.3.4.1. In this way isothermal crystallisation can be used separately on the different isotopic 
regions in the block copolymers and the subsequent melting behaviour was investigated using 
varying crystallisation conditions. The results gave further evidence of a long-lasting non-equilibrium 
state in the di-block copolymer melt where entanglement formation is inhibited by entropic barriers 
between the isotopically different components.  
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5.1 Introduction 
Polyethylene, a semi-crystalline polymer, crystallises in a chain folded structure1,2,3,4 with lamellar 
thickness between 10 and 20 nm depending on crystallisation temperature and conditions.5,6,7 The 
nascent disentangled UHMWPE used in this thesis has a plate-like crystalline structure with lamellar 
thickness around 20 nm as shown by electron microscopy8,9 and explored further by SANS in 
chapter  6 of this thesis. Solid-state NMR studies show that the amorphous component of these 
materials consists of methylene segments with restricted mobility and fast chain diffusion from the 
amorphous to the crystalline region due to suppression of the entropic barrier.10 The nascent 
crystals exhibit a high melting point close to the equilibrium melting temperature of polyethylene, 
which is 142 ± 0.5 °C.11,12 Considering the lamellar thickness of only 20 nm this melting point cannot 
be explained by the commonly used Gibbs-Thomson equation for melting of semi-crystalline 
polymers. Instead, the restricted mobility in the amorphous region, likely a result of the presence of 
tight folds due to adjacent re-entry of polymer chains, has been attributed to be a cause for the high 
melting temperature. This possibility has been further explored by invoking melting kinetics in the 
nascent state of disentangled UHMWPE.9,13,14 To recall, these nascent crystals melt slowly with time 
when they are left to anneal at the expected melting temperature for the lamellar thickness. Once 
the material is melted, a non-equilibrium melt state is created that has a heterogeneous distribution 
of entanglement density, with highly entangled and lesser entangled regions. Entropic mixing of the 
polymer chains and subsequent reptation increases the total amount of entanglements and 
entanglement density gradually until equilibrium is reached, where ultimately the molar mass 
between entanglements Me is considered to be constant. Crystallisation from the melt decreases the 
melting point of the resulting crystal to a value related to its lamellar thickness, consistent with the 
temperature expected from the Gibbs-Thomson equation. In contrast to the nascent polymer, no 
melting kinetic effect is observed in the melt-crystallised polymer and the amorphous phase is found 
to consist of mobile methylene segments with a strong entropic barrier for chain diffusion from the 
amorphous to the crystalline state. 
It is possible to make use of the heterogeneous distribution of entanglements by introducing an 
isothermal crystallisation step at a specific temperature during the cooling process of non-
equilibrium UHMWPE melts.15 This procedure encourages regions with fewer entanglements within 
the non-equilibrium heterogeneous polymer melt state to crystallise in different conditions than 
highly entangled areas. It is known that polyethylene can crystallise at a lower undercooling when 
there are less entanglements present, as these constraints increase the nucleation barrier.16,17,18,19 
Therefore the less entangled areas in the heterogeneous melt of UHMWPE can crystallise slowly 
during the isothermal crystallisation step. The highly entangled regions, however, stay in the melt 
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state during this period and crystallise upon further cooling to room temperature. When the 
polymer is heated, after the isothermal crystallisation, two melting peaks are observed, one at a 
temperature consistent with melt crystallised polyethylenes (~136 °C) and one at or slightly above 
the nascent melting point (~142 °C), close to the equilibrium melting temperature of an ideal 
extended chain crystal of polyethylene. The low melting temperature peak can be attributed to 
crystals, formed during cooling, from the highly entangled regions in the non-equilibrium melt while 
the high temperature melting peak can be associated to crystals from the lesser entangled regions, 
crystallised during isothermal crystallisation at low supercooling. The area ratio of the low melting 
peak to the total peak area increases with the time that the polymer has spent in the melt prior to 
isothermal crystallisation. K. Liu showed this melting behaviour in protonated UHMWPEs15 and an 
example of the resolved melting peaks after isothermal crystallisation is shown in Figure  5-1a. The 
polymer used is equivalent to hPE_2.3 (see chapter  2 -  4) and the change in melting peak area, 
dependent on the time spend equilibrating in the melt prior to crystallisation, is apparent in the 
figure. The increase in low melting peak area follows the same trend as the increase in elastic 
modulus of the polymer melt during equilibration, observed by rheology, Figure  5-1b. As the 
polymer is left longer in the melt, the equilibration or entanglement formation process decreases 
the amount of lesser entangled regions in favour of highly entangled zones, thus increasing the area 
of the low melting point peak after isothermal crystallisation.  
 
Figure  5-1: a) melting behaviour of an initially disentangled protonated UHMWPE after isothermal 
crystallisation, showing two clearly separate melting peaks. The areas of the melting peaks are 
dependent on the time the polymer has been in the melt state prior to crystallisation (values given 
in the figure). b) the ratio of low melting peak area to total area (symbols) follows the same trend 
during equilibration as the elastic modulus build-up, observed in rheology (line). Reproduced from 
K. Liu.15 
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The aim of this chapter is to show the influence of the heterogeneous distribution of entanglement 
density on crystallisation of deuterated disentangled UHMWPE, focussing on the role of 
entanglements in nucleation and crystal growth. This will provide information by linking 
crystallisation behaviour with changes in the storage modulus as a function of time, measured by 
rheology. Furthermore, the chapter will discuss the entangled state achieved by equilibration of 
UHMWPE with an initially low entanglement density, synthesised using a single-site metallocene 
catalyst as described in chapter  2.2.2. This is compared to the entangled state obtained directly 
during synthesis as is the case in commercial UHMWPE synthesised using a Ziegler-Natta catalyst. 
Finally, we describe the behaviour of the protonated-deuterated block copolymers and combine the 
isothermal crystallisation procedure with the inherent isotopic melting point difference within the 
block copolymers. More evidence of a long-lasting non-equilibrium melt state, with low 
entanglement density, is shown by following crystallisation behaviour for the di-block copolymer. 
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5.2 Experimental 
5.2.1 Materials 
The following materials are used in this chapter: 
- Fully deuterated dPE_2.1, Mw = 2.1 x106 g/mol, PDI = 2.0, synthesis and characterisation 
described in chapter  4.2. 
- Di-block UHMWPE copolymer consisting of protonated and deuterated blocks of roughly 
equal length (Mw ~ 2.3 x106 g/mol), synthesis and characterisation described in chapter  4.3. 
- Tri-block UHMWPE copolymer consisting of a deuterated middle block (Mw ~ 2.1 x106 g/mol) 
and a smaller deuterated block on each end (Mw ~ 0.7 x106 g/mol per block), synthesis and 
characterisation described in chapter  4.3. 
5.2.2 Thermal characterisation 
All DSC measurements are carried out in a TA Instruments Q2000 MDSC using Tzero aluminium pans 
and matching lids. Nascent polymer powder was used for the experiments with a sample mass of 1.5 
± 0.1 mg. The general isothermal crystallisation procedure is as follows: the nascent polymer is 
heated (10 °C/min) to a temperature where it is completely molten (Tmelt) and is left for time tmelt. 
Subsequently it is cooled at 10 °C/min to Tiso where isothermal crystallisation takes place for time tiso. 
After the isothermal crystallisation step the sample is cooled to room temperature (RT). To observe 
the melting behaviour the sample is heated again (2nd heating) to Tmelt and left at this temperature 
for 5 min. For reference the sample is melt-crystallised by subsequent cooling at 10 °C/min to room 
temperature and melt-crystallised behaviour is observed by heating a third time to Tmelt. The whole 
procedure is given schematically in Figure  5-2. tiso is kept constant at 180 min, while Tmelt, Tiso and tmelt 
are varied depending on the requirement of the experiment and are mentioned in the discussion. 
 
Figure  5-2: Thermal protocol used for the isothermal crystallisation procedure. Tmelt, Tiso, tmelt and 
tiso can be varied; heating and cooling rates are constant at 10 °C/min. Second heating trace (bold) 
is used to examine the melting behaviour of the isothermally crystallised sample, while a third 
heating ramp is used to verify the behaviour of the melt-crystallised polymer as a reference. 
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5.3 Results and discussion 
5.3.1 Influence of Tiso for deuterated homopolymer 
As mentioned in the introduction it is possible in protonated nascent disentangled UHMWPE melts 
to find an isothermal crystallisation temperature Tiso where part of the polymer crystallises while the 
rest of the material stays in the melt and only crystallises on subsequent cooling to room 
temperature. The difference in crystallisation condition results in two crystalline morphologies with 
peak melting points separated by 5-6 °C. With carefully selected Tiso the melting enthalpy of the 
crystals during the second heating run is found to be dependent on the thermodynamic state of the 
melt prior to crystallisation. The difference in crystallisation at the isothermal condition or on cooling 
of the remaining molten component is related to the heterogeneous distribution of entanglement 
density. The high melting crystal arises from less entangled regions that can crystallise at low 
undercooling due to suppression in nucleation barrier16-19 during the long isothermal crystallisation 
step. Low melting crystalline morphologies correspond to highly entangled regions unable to 
crystallise during tiso, which crystallise on subsequent cooling to room temperature. Increasing tmelt 
equilibrates the nascent polymer further thereby reducing less entangled regions in favour of highly 
entangled areas, explaining the decrease in the enthalpy of the high melting temperature peak 
(~142 °C for protonated UHMWPE) and simultaneous increase in enthalpy of the low melting 
temperature peak (~135 °C for protonated UHMWPE). 
The isothermal crystallisation temperature Tiso to follow influences of the equilibration process of a 
non-equilibrium polymer melt on crystallisation in protonated UHMWPE was found to be 128.0 °C.15 
To determine the equivalent temperature for deuterated UHMWPE, samples of dPE_2.1 are 
isothermally crystallised after tmelt = 60 min at Tmelt = 160 °C for tiso = 180 min at Tiso varying from 
119.0 °C to 123.0 °C. The results of the second heating run are shown in Figure  5-3 where, following 
the trend of hPE homopolymer, using a low Tiso results in primarily a single melting peak close to the 
equilibrium melting temperature (~136 °C) for deuterated UHMWPE, ~5.5 °C below that of 
protonated UHMWPE.20 The same polymer, when crystallised at Tiso = 123.0 °C and above, results 
into a second heating run with primarily a melting peak at ~130 °C corresponding to the melt 
crystallised component. After isothermal crystallisation at Tiso = 122.5 °C the second heating run 
shows well resolved low (~130 °C) and high (~136 °C) melting temperature peaks where the area 
ratio of low melting peak to the total enthalpy is approximately 0.7, thus providing the opportunity 
of following changes in the peak ratio, at lower and higher tmelt, during equilibration of the non-
equilibrium melt state. Therefore this temperature is used as Tiso in the remaining tests aimed at 
determining the equilibration behaviour by means of DSC. In analogy with hPE homopolymer, on 
decreasing the isothermal crystallisation temperature below 122.5 °C, the second heating run shows 
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a single melting temperature peak close to the equilibrium melting temperature. The appearance of 
this peak is found to be independent of the thermodynamic state prior to the isothermal 
crystallisation. For dPE_2.1 this temperature is determined to be 120.0 °C. Isothermal crystallisation 
at this specific temperature will be discussed further in section  5.3.3 and  6.3.3. 
 
Figure  5-3: Second heating run of dPE_2.1 after isothermal crystallisation for tiso = 180 min at 
different Tiso, shown in the figure.  
Table  5-1: Melting characteristics of dPE_2.1 after isothermal crystallisation procedure at different 
Tiso. Tml and Tmh are the low and high peak melting temperatures respectively, whereas ∆Hml and 
∆Hmh are the corresponding melting enthalpies and ∆Hmtot is the total melting enthalpy. 
Tiso (°C) Tml (°C) Tmh (°C) ∆Hml (J/g) ∆Hmh 
(J/g) 
∆Hmtot 
(J/g) 
∆Hml/DHmtot ∆Hcl (J/g) 
119 127.9 135.0 34.7 75.3 110.0 0.32 21.9 
120 128.6 135.5 39.4 72.6 112.0 0.35 27.9 
121 127.4 135.5 52.4 70.8 123.2 0.42 34.2 
122 129.3 136.0 70.2 38.5 108.7 0.64 49.6 
122.5 129.1 135.8 78.9 35.7 114.6 0.69 74.6 
123 129.5 136.3 87.0 11.4 98.4 0.88 84.6 
5.3.2 Equilibration process of deuterated homopolymer melt as measured by DSC 
In protonated UHMWPE, during the second heating run the ratio between the low melting 
temperature peak enthalpy and the total enthalpy is found to increase with the increasing residence 
time in the melt (Figure  5-1). The increase in ratio follows a trend similar to the build-up in elastic 
modulus during equilibration of the polymer melt. The time required for the increase in the ratio 
during equilibration was also found to be dependent on the molar mass.       
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To determine if the progression of melting peak area ratio in dPE_2.1 is similar to that of the 
protonated homopolymer, tmelt is varied in the range of 5 to 1440 min while keeping Tmelt, Tiso and tiso 
constant at 160 °C, 122.5 °C and 180 min respectively. The melting behaviour during the second 
heating run is shown in Figure  5-4. The increase in low melting peak area (and consequent decrease 
in high melting peak area) with increasing time in the melt (tmelt) confirms that these findings on 
deuterated UHMWPE are in accordance with the protonated UHMWPE, albeit at lower 
temperatures. The cause for these findings is attributed to the ease in nucleation from the low 
entangled region of UHMWPE in the melt having heterogeneous distribution of entanglements. The 
suppressed nucleation barrier allows crystallisation at low supercooling resulting into thicker crystals 
during tiso at the chosen Tiso. The remaining melt component, consisting of the entangled regions in 
the heterogeneous melt, crystallises on further cooling resulting into the appearance of low melting 
peak during the second heating run. With increasing tmelt the decrease in enthalpy of the high 
melting temperature peak, during the second heating run, is attributed to the increasing number of 
entanglements with equilibration of the polymer melt.   
 
Figure  5-4: Second heating run of dPE_2.1 after different times in melt state tmelt, shown in the 
figure, with tiso = 180 min and Tiso = 122.5 °C.  
To quantify the equilibration of dPE_2.1 using DSC, the ratio of the low melting temperature 
enthalpy to the total melting enthalpy for samples isothermally crystallised at Tiso = 122.5 °C  is 
calculated. The ratio is found to increase as the entangled regions get larger and/or more numerous. 
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Table  5-2: Melting characteristics of dPE_2.1 after isothermal crystallisation procedure using 
different tmelt. Tml and Tmh are the low and high peak melting temperatures respectively, whereas 
∆Hml and ∆Hmh are the corresponding melting enthalpies and ∆Hmtot is the total melting enthalpy. 
tmelt (min) Tml (°C) Tmh (°C) ∆Hml (J/g) ∆Hmh 
(J/g) 
∆Hmtot 
(J/g) 
∆Hml/∆Hmtot ∆Hcl (J/g) 
5 128.0 135.9 59.4 62.9 122.3 0.49 56.3 
30 129.1 136.0 70.9 43.0 113.9 0.62 73.8 
60 129.1 135.8 78.9 35.7 114.6 0.69 74.6 
180 129.2 135.8 84.2 26.7 110.9 0.76 83.9 
360 129.4 135.9 85.0 20.7 105.7 0.80 94.7 
720 129.1 135.8 90.6 15.4 106.0 0.85 94.2 
1440 129.1 135.5 95.8 8.2 104.0 0.92 105.2 
 
As further verification that the high melting temperature peak in Figure  5-4 is a result of crystals 
formed during isothermal crystallisation, samples were heated directly after tiso without cooling to 
room temperature. Figure  5-5 shows the second heating run for two samples where tmelt is 5 or 60 
min at Tmelt = 160 °C and isothermal crystallisation is carried out at Tiso = 122.5 °C for tiso = 180 min. 
After isothermal crystallisation the samples were not cooled to room temperature but instead the 
second heating run was started directly. The crystals formed during tiso exhibit a melting 
temperature close to the equilibrium melting temperature of dPE. The melting enthalpies for both 
the sample with tmelt = 5 min (∆Hmh = 57.9 J/g) and the sample with tmelt = 60 min (∆Hmh = 35.8 J/g) 
match very well with the samples that were cooled to room temperature after isothermal 
crystallisation (Table  5-2). This rules out influence of crystals formed on cooling, responsible for the 
low temperature melting peak, on the crystals having high melting temperature. 
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Figure  5-5: Second heating run of dPE_2.1 after 5 min (black) or 60 min (red) in the melt and 
subsequent isothermal crystallisation at 122.5 °C for 180 min, without cooling to room 
temperature. 
To compare the DSC results of the polymer melt with the rheological response of the elastic modulus 
during equilibration the enthalpy ratio (∆Hml/∆Hmtot), determined at different equilibration time 
(tmelt), is normalised by the enthalpy ratio determined for the fully entangled melt state. The fully 
entangled melt state for dPE_2.1 is considered to be the sample left in melt (Tmelt = 160 °C) for tmelt = 
1440 min. Figure  5-6 shows comparison of the DSC enthalpy ratios with the normalised elastic 
modulus build-up while following the equilibration process of the same polymer by rheology.   
Independent of the method used, the same trend of a fast initial build-up followed by slower 
equilibration towards equilibrium at longer times is observed. However, it is apparent that the DSC 
experiments show faster equilibration, which is a known consequence of using nascent polymer 
powder for these tests, which can equilibrate faster than the polymer in compression moulded 
plates needed for rheological experiments. Figure  5-6 also shows the normalised enthalpy ratio for 
the samples that were isothermally crystallised in the rheometer at different stages of the 
equilibration, following a procedure described in chapter  6.2.2. The DSC results, though recorded on 
the samples taken from two different origins, are in agreement with the modulus build-up trend 
recorded by rheology. 
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Figure  5-6: Normalised equilibration progression during time in melt for dPE_2.1 as evidenced by 
rheology (line) and DSC (symbols). 
5.3.3 Retention of nascent melting point after equilibration in UHMWPEs 
Figure  5-3 showed the influence of the isothermal crystallisation temperature on the subsequent 
melting behaviour of the UHMWPE polymers. On decreasing Tiso to 120.0 °C, during the second 
heating run the majority of the crystals are found to have a melting temperature close to the 
equilibrium melting point of deuterated polyethylene. It is hypothesised that at this temperature 
both low entangled and highly entangled regions can crystallise, while still allowing enough time and 
mobility for high melting crystals to form. This is conceivable with a residence time in the melt of tmelt 
= 60 min as at this point during the equilibration there are still large regions of polymer with a lower 
amount of entanglements. To recall, the equilibrium state in dPE_2.1 is achieved after a residence 
time in melt of more than 720 min. Surprisingly, the high melting peak can be observed in any 
sample that has been crystallised at Tiso = 120.0 °C, independently of the residence time of these 
samples in the melt, even when tmelt exceeds 720 min. This is shown in Figure  5-7b where tmelt is 
varied from 5 to 1440 min while keeping Tmelt, Tiso and tiso constant at 160 °C, 120.0 °C and 180 min 
respectively. For ease in comparison the data from Figure  5-4 is shown in Figure  5-7a where Tiso = 
122.5 °C instead of Tiso = 120.0 °C in Figure  5-7b. 
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Figure  5-7: Second heating run of dPE_2.1 after different times in melt state tmelt, shown in the 
figure, at Tmelt = 160 °C. Isothermal crystallisation was carried out for tiso = 180 min at Tiso = 122.5 °C 
(a) or 120.0 °C (b). 
After 1440 or even 720 min in the melt the polymer should be in or very close to equilibrium as seen 
in rheology by the constant elastic modulus (Figure  5-6). It is therefore completely unexpected that a 
homogeneously entangled polymer melt allows for the formation of crystals with such a high 
melting temperature. Indeed, a commercial sample of UHMWPE, produced in a slurry reactor using a 
Ziegler-Natta type catalyst, does not show a melting temperature close to the equilibrium melting 
temperature of PE upon isothermal crystallisation from equilibrium, regardless of the isothermal 
crystallisation temperature used.15 Due to the lack of deuterated commercial UHMWPEs synthesised 
using a Ziegler-Natta catalyst this is exemplified here using protonated UHMWPE as described by K. 
Liu.15 As mentioned in the introduction and shown in Figure  5-1, hPE_2.3 shows melting peak 
separation dependent on the heterogeneous distribution of entanglements after isothermal 
crystallisation at Tiso = 128.0 °C. As with deuterated UHMWPE, decreasing Tiso by a couple of degrees 
to Tiso = 126.0 °C yields a high melting temperature peak close to the equilibrium melting 
temperature of protonated polyethylene (~142 °C) during the second heating run, even with tmelt = 
1440 min. The second heating run is shown in Figure  5-8 and compared to commercial Ziegler-Natta 
UHMWPE, having the same thermal history including isothermal crystallisation at Tiso = 126.0 °C. 
Even though the nascent melting peak temperatures for these materials are both around 141 °C, the 
commercial UHMWPE does not regain this high melting point, even after isothermal crystallisation at 
126.0 °C. Due to the similarities in thermal behaviour of the protonated and deuterated 
disentangled UHMWPEs the behaviour is expected to follow the same trend in dPE, and the disparity 
with commercial UHMWPEs is suspected to be caused by the difference in entangled state between 
the equilibrated polymers. 
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Figure  5-8: Second heating runs of hPE_2.3 (solid line) and commercial Ziegler-Natta UHMWPE 
(dashed line) after tmelt = 1440 min at Tmelt = 160 °C and isothermal crystallisation for tiso = 180 min 
at Tiso = 126.0 °C (this is equivalent to Tiso= 120.0 °C for deuterated UHMWPE). Data reproduced 
from K. Liu.15 
The commercial UHMWPEs have an entangled state where the majority of entanglements are 
formed during synthesis and therefore the polymer is highly entangled even in its nascent state. 
These results raise the question if the initially disentangled nascent UHMWPEs described in this 
thesis ever reach an entangled state similar to that achieved during synthesis in the commercial 
Ziegler-Natta samples. The high molar mass and therefore very long terminal relaxation times could 
inhibit the formation of such an entangled state.  These findings question the very nature of the 
physical contact points between the methylene segments. The differences in the contact points 
between the neighbouring chain segments in these low entangled UHMWPEs may arise either due 
to intra molecular or inter molecular interactions. For these very high molar masses the possibility of 
tube renewal, following the chain dynamics normally accepted in equilibrium polymer melts, 
required for the formation of entanglements equivalent to the Ziegler-Natta synthesised UHMWPEs, 
is debatable. Investigation on the nature of the constraints in this peculiar entangled state is beyond 
the scope of this thesis but neutron scattering performed on the crystals formed during isothermal 
crystallisation is investigated in chapter  6 to gain additional insight in the crystal morphology. 
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5.3.4 Isothermal crystallisation in block copolymers 
The isothermal crystallisation method, used for following the influence of entanglements on 
crystallisation, can also be used for block copolymers, with carefully selected temperatures of the 
melting process (Tmelt) and of isothermal crystallisation (Tiso). It is possible to combine isothermal 
crystallisation with the low temperature annealing procedure described in chapter  4.3.4.1, which 
separates the melting peaks of the protonated and deuterated regions. This can help to give insight 
into the entanglement process of the separate regions of protonated and deuterated polymer chains. 
There are three possible limiting combinations of Tmelt and Tiso, where: 
I. Tmelt is high enough to melt both dPE and hPE regions, and Tiso is chosen at a point where it can 
resolve the melting peaks of dPE, according to the discussion above. While cooling to this Tiso the 
hPE regions should crystallise in the melt-crystallised morphology and their melting peak will 
shift to lower temperature. During isothermal crystallisation, provided the right temperature is 
chosen, less entangled regions of dPE should crystallise yielding high melting dPE crystals. Finally, 
highly entangled dPE areas can crystallise during cooling to room temperature into their low 
melting melt-crystallised morphology. 
II. Tmelt is high enough to melt both dPE and hPE regions, and Tiso is chosen at a point where it can 
resolve the melting peaks of hPE. At this Tiso the less entangled hPE regions should be able to 
crystallise in the high melting morphology. Both the highly entangled hPE areas and the dPE 
regions should remain in the melt and can crystallise upon cooling to room temperature, 
therefore shifting their melting peaks to low temperatures associated with the melt-crystallised 
crystal morphology.  
III. Tmelt is high enough to melt dPE but low enough to keep hPE regions crystalline, and Tiso is 
chosen at a point where it can resolve the melting peaks of dPE according to the method 
described above. During isothermal crystallisation less entangled regions of dPE should 
crystallise yielding high melting dPE crystals while highly entangled dPE areas can crystallise 
during cooling to room temperature into crystals with a low melting temperature. 
The required temperatures for Tmelt are easy to set at 160 °C for methods I and II, where the 
complete polymer is intended to be in the molten state. For method III Tmelt is chosen such that the 
protonated nascent crystals in the di- and tri-block copolymers stay in the solid state, whereas the 
deuterated components melt. As shown in chapter  4.3.4.1 for the di-block and tri-block copolymers, 
the chosen values for Tmelt are 136.5 °C and 135.3 °C, respectively. Determining Tiso is less 
straightforward as the ideal temperatures described in chapter  5.3.1 for hPE and dPE homopolymers 
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(Tiso = 128.0 °C and 122.5 °C respectively) are likely to be influenced by the transition regions 
between blocks and covalent binding of at least one chain end to the other isotopic component.  
 First we investigate what happens to the melting behaviour if Tmelt, tmelt and tiso are kept constant 
while Tiso is varied to check at which temperatures (if any) three melting peaks appear, 
corresponding to one full isotopic region and one separated isotopic region. Methods I and II require 
full melting of the block copolymers and therefore variables are set at Tmelt = 160 °C, tmelt = 60 min, 
tiso = 180 min, with Tiso varying between 120.0 and 130.0 °C. After cooling to room temperature, 
melting during the second heating run yields the DSC traces shown in Figure  5-9 for both block 
copolymers. Melting behaviour during the second heating run can be divided into three regions, 
characterised by the temperature of the isothermal crystallisation step prior to the second heating 
run: low Tiso; medium Tiso and high Tiso. The most straightforward melting is observed at high Tiso, 
where none of the material crystallises during the isothermal crystallisation step and normal melt-
crystallised behaviour is seen after all of the polymer crystallises during cooling to room temperature. 
This happens with Tiso at or above 129.0 °C for the di-block copolymer and 128.0 °C for the tri-block 
UHMWPE. On the other side of the spectrum, at low Tiso up to 123.0 °C, a single melting peak is 
observed with the melting temperature increasing with increasing Tiso. At these isothermal 
crystallisation temperatures both components of the block copolymers can crystallise. They form 
crystals having high melting temperatures depending on the amount of mobility during tiso where a 
higher Tiso ensures higher chain mobility and thus higher melting crystals. At these isothermal 
crystallisation temperatures, in the di-block copolymer a broad peak is observed while in the tri-
block copolymer the melting is dominated by the higher molar mass deuterated block. The 
isothermal crystallisation temperature at which the melting peaks can be resolved for dPE 
homopolymer (122.5 °C) is found in the low Tiso range. Following method I the expected three 
melting peaks corresponding to the low and high melting temperature crystals of the deuterated 
component and the melt crystallised protonated component are not observed in the di- or tri-block 
copolymers. However, a melting peak separation of dPE components cannot be completely ruled out 
as the melting points of high melting dPE and melt-crystallised hPE morphologies are very similar 
which might in this case influence the results. This is further investigated later on in this section 
when method III is discussed, which removes the influence of melt-crystallised hPE by keeping the 
protonated regions in the solid nascent state. 
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Figure  5-9: Second heating run of di-block and tri-block copolymers after tmelt = 60 min in the melt 
at Tmelt = 160 °C, with tiso = 180 min at different Tiso (values given in the figure). 
When Tiso is chosen between 124.0 and 128.0 °C, two melting peaks are observed in the tri-block 
copolymer, whereas in the di-block UHMWPE two or occasionally three melting peaks are observed 
in the second heating run. In each of these cases the highest melting peak is attributed to the hPE 
crystals having high melting temperature while the lowest melting peak is associated with crystal 
morphology of the melt-crystallised dPE.  
The most interesting of these cases is found on isothermal crystallisation of the di-block copolymer 
at Tiso = 128.0 °C, where three peaks are found as hypothesised for method II described above. The 
isothermal crystallisation temperature is consistent with the temperature where hPE homopolymer 
shows a melting peak separation. Considering the thermal history of the polymer it is assumed that 
the dPE melting peak has totally shifted to its low, melt-crystallised temperature while the hPE peak 
has resolved into low and high melting temperature peaks during isothermal crystallisation at Tiso = 
128.0 °C. In these di-block copolymers the melting peaks can therefore be assigned, from low to high 
temperature, to crystals formed from: all dPE regions, both entangled and disentangled; entangled 
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hPE regions; and disentangled hPE regions. Thus if entanglement formation takes place in the hPE 
area during equilibration of the di-block copolymer, it is expected that melting enthalpies of the 
peaks assigned to protonated crystals should vary depending on the time the polymer has spent in 
the melt during the equilibration process. 
 
Figure  5-10: Second heating run of the di-block copolymer after staying at Tmelt = 160 °C for 
different tmelt, shown in the figure, with Tiso = 128 °C and tiso = 180 min. 
However, when time in the melt tmelt is varied there is no discernible difference in peak area for any 
of the three melting peaks (Figure  5-10). For the dPE peak this is expected as it contains all dPE 
regions, regardless of the thermodynamic state of the polymer. For hPE regions the lack of change in 
peak area suggests there is no formation of entanglements in these regions while the polymer is in 
the melt, which has to be expected considering the lack of elastic modulus build-up in rheology of 
the di-block copolymer as described in chapter  4.3.3. Even so, these results suggest that there is also 
no significant entanglement formation within the separated isotopic regions, likely as a result of 
inhibition by the covalent attachment of the isotopically different blocks.  
To further strengthen the hypothesis of inhibited entanglement formation within and between the 
isotopic domains, method III is used. Following this method, for the di-block and tri-block 
copolymers Tmelt is set at 136.5 °C and 135.3 °C respectively.  At these temperatures the protonated 
component does not melt as has been shown in chapter  4.3.4.1. Furthermore, tmelt and tiso are set at 
60 min and 180 min respectively while Tiso is varied between 120.0 and 124.0 °C. Surprisingly, the 
deuterated crystals thus formed, on melting during the second heating run, show a broad single 
peak, Figure  5-11.  
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Figure  5-11: Second heating run of di-block copolymer with Tmelt = 136.5 °C (left) and tri-block 
copolymer with Tmelt = 135.3 °C (right) for tmelt = 60 min. For isothermal crystallisation tiso = 180 min 
and Tiso varies (values given in the figure). 
In combination with the broad melting peak of the deuterated component, the high melting 
protonated peak is observed at 141 °C for the di-block copolymer and 139 °C for the tri-block 
copolymer. However, at none of the isothermal crystallisation temperatures there is any sign of a 
separated melting peak for the dPE regions. The likely cause is the limited mobility offered to the 
deuterated component while the protonated region stays crystalline. The presence of the crystalline 
protonated component further suppresses the nucleation barrier for the deuterated component 
influencing the crystallisation leading to the formation of crystals having melting temperature close 
to the equilibrium melting point for the deuterated polymer. The presence of crystalline protonated 
interface suppresses the formation of two different types of deuterated crystal morphologies, thus 
resulting into a single melting peak for the deuterated component. These findings further strengthen 
the concept of covalent bonding between deuterated and protonated segments in the di- and tri-
block copolymers. The melting peak of the deuterated crystals shifts to higher temperatures by 
~0.5 °C on increasing the isothermal crystallisation temperature from 120.0 °C to 124.0 °C.  
On partial melting of the protonated component, by increasing the Tmelt to 137.5 °C for the di-block 
copolymer, the melting point of the deuterated crystals during the second heating run shifts to the 
low temperatures corresponding to the melt crystals when Tiso is relatively high (124.0 °C or above).  
At lower Tiso deuterated and protonated crystals melt showing a single broad melting peak. The 
second heating runs with different Tiso are shown in Figure  5-12. These results, when compared with 
those shown in Figure 5-9, suggest a strong influence of epitaxial crystal growth of deuterated 
component arising from the presence of the solid protonated crystals. 
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Figure  5-12: Second heating run of di-block copolymer using Tmelt = 137.5 °C and tmelt = 60 min. For 
isothermal crystallisation, tiso = 180 min and Tiso varies, values shown in the figure. 
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5.4 Conclusions 
In this chapter the influence from the thermodynamic state of the initially disentangled non-
equilibrium UHMWPE polymer melt on the subsequent crystallisation behaviour was investigated. 
This was achieved by adding an isothermal crystallisation step during cooling from the melt in order 
to separate the crystallisation of less entangled regions and highly entangled regions within the 
heterogeneous non-equilibrium melt. The separation, based on a difference between the regions in 
ease of nucleation, results in the formation of two crystal morphologies having different melting 
points. Crystals formed from entangled regions have a melting point consistent with normal melt-
crystallised UHMWPE, while crystals formed from less entangled components show a melting point 
close to the equilibrium melting temperature of polyethylene. The ratio of these crystals is shown to 
be dependent on the thermodynamic state of the polymer melt prior to crystallisation. The method, 
originally investigated using protonated UHMWPEs, was found to be valid for deuterated UHMWPE 
as well, accounting for the melting point differences between the isotopically different polymers. 
Additionally, it was shown that crystals with a melting point close to the equilibrium melting 
temperature can surprisingly be formed even from polymers that are fully equilibrated, behaviour 
that is not observed in commercial UHMWPEs produced using Ziegler-Natta catalysts. This might be 
indication that the entangled state formed on equilibration of initially disentangled UHMWPE is 
different from the entangled state formed during synthesis in commercial UHMWPEs. 
The isothermal crystallisation procedure was also applied to protonated-deuterated block 
copolymers in combination with the annealing method described in chapter  4.3.4.1. In this way 
isothermal crystallisation can be used separately on the different isotopic regions in the block 
copolymers and the subsequent melting behaviour was investigated using varying crystallisation 
conditions. The results gave further evidence of a long-lasting non-equilibrium state in the di-block 
copolymer melt where entanglement formation is inhibited by entropic barriers between the 
isotopically different components. Also, in both block copolymers the crystallisation of deuterated 
components was influenced by the state (molten or solid) of the protonated regions, giving further 
indication of covalent bonding between blocks in these materials. 
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6 Following the influence of thermodynamic state and 
crystallisation on (partly) deuterated UHMWPE by SANS 
 
 
 
Abstract 
In this chapter deuterated Ultra-High Molecular Weight Polyethylene is investigated using small 
angle neutron scattering (SANS). The influence of heterogeneity on the ease of nucleation in non-
equilibrium polymer melts is examined. Similar to chapter  5, by adding an isothermal crystallisation 
step during cooling from the melt, crystallisation behaviour has been followed. At a specific 
isothermal crystallisation temperature the less entangled regions in the non-equilibrium polymer 
melt are able to crystallise due to their lower nucleation barrier compared to fully entangled regions. 
This was observed in SANS as an increase in scattering intensity during isothermal crystallisation, 
showing the appearance of a lamellar peak corresponding to crystals with relatively large lamellar 
thickness of approximately 34 nm. On the contrary, under the same isothermal crystallisation 
conditions, an equilibrated polymer melt shows hardly any increase in scattering intensity 
confirming the influence of entanglement density distribution on crystallisation. Additionally, block 
copolymers of protonated and deuterated UHMWPE blocks were investigated by SANS with the aim 
of examining their melting behaviour and separation of isotopic components. During melting of the 
block copolymers a distinct two-phase melting behaviour is observed where first the deuterated 
components melt followed by melting of the protonated blocks. Compared to melting of deuterated 
homopolymer dPE_2.1, melting of the deuterated components in the block copolymers is more 
gradual and takes places over a wider range of temperatures. Scattering intensity from block 
copolymer melts does not change significantly in time, further confirming the existence of a long-
lasting non-equilibrium polymer melt state in the block copolymers where the isotope regions stay 
separated. 
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6.1 Introduction 
In chapter  5 of this thesis the crystallisation behaviour of UHMWPE homopolymers and block 
copolymers was addressed. It was shown that the heterogeneous distribution of entanglement 
density has a strong influence on crystallisation and melting kinetics. To recall, crystallisation from 
the non-equilibrium UHMWPE melt results into the appearance of two different crystal 
morphologies, one having a melting temperature close to the equilibrium melting point of 
deuterated UHMWPE whereas the other has a melting point similar to that expected from melt-
crystallised UHMWPE. In this chapter we aim to investigate these crystal morphologies using 
neutron scattering.  
Historically Small Angle Scattering (SAS) techniques have been of major importance in determining 
morphologies of polymers in both crystalline and molten states. These techniques rely on a 
difference in scattering density from electrons (for X-ray scattering) or atomic nuclei (for neutron 
scattering) to create contrast. An advantage of using neutron scattering instead of the more 
commonly used X-ray scattering is that the lower intensity and flux of the beam, combined with the 
lower scattering and absorption in the sample, causes less radiation damage to polymers in general, 
which is of importance in view of the long time required to follow the transformation of a non-
equilibrium polymer melt to the equilibrium state in UHMWPEs. Additionally, neutron scattering can 
use isotope labelling to create scattering contrast instead of having to resort to labelling with heavy 
elements as is the case with X-ray scattering. Isotope labelling by selective deuteration has been 
used in polymers to examine chain conformation,1,2,3 miscibility4,5 and diffusion6, among others. At 
first the assumption was made that isotopes of the same polymer would mix in an ideal way. 
However, this was shown not to be the case.7,8 Since then, isotopically induced phase separation has 
been studied in a range of polymers, with most studies focussing on binary blends of homopolymers 
with different isotope compositions, both experimentally 9 , 10 , 11  and theoretically. 12 , 13 , 14  Phase 
separation in block copolymers has also been studied by SANS but mainly on specific systems with 
blocks of different chemical composition.15,16 The block copolymers consisting of protonated and 
deuterated UHMWPE synthesised in chapter  4.3 combine different isotopes with different blocks 
having the same molecular configuration, thus making SANS an ideal technique to investigate the 
phase separated regions. 
In the case of the polymers discussed in this thesis there are two types of scattering contrast when 
using neutron scattering. First there is a contrast in scattering arising from the density difference 
between the crystalline and amorphous regions of semi-crystalline polymers in general, plus any 
scattering arising from macroscopic density differences at the surfaces and voids in the polymer 
powders. If the latter is minimal, one can gain information about the lamellar size and distribution as 
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will be used in this chapter primarily for the deuterated homopolymer. Secondly the large scattering 
length difference between protons and deuterons is taken advantage of to create scattering contrast 
in the block copolymers consisting of deuterated and protonated UHMWPE and can provide 
information on the isotopic separation in these materials. The neutron scattering intensity profiles of 
nascent dPE_2.1 (chapter  4.2) and di- and tri-block copolymers (chapter  4.3) in the nascent solid 
state are shown in Figure  6-1. Intensity is shown as a function of scattering vector q = 4πsin(θ)/λ, 
where λ is the neutron wavelength and the angle between incident beam and scattered intensity is 
equal to 2θ. 
 
Figure  6-1: SANS intensity profile of dPE_2.1, di-block and tri-block copolymers recorded at room 
temperature in their nascent crystalline state as obtained from the reactor after polymerisation. 
Intensities have been corrected for sample thickness, which for all materials is 650 ± 50 µm. 
Fully deuterated homopolymer dPE_2.1 shows lower scattering intensity overall than the block 
copolymers due to the smaller scattering length variation between crystalline and amorphous 
regions compared to the scattering length difference between protonated and deuterated UHMWPE. 
The position and width of the peak around q = 0.027 Å-1 are related to the thickness and size 
distribution of polyethylene lamellae and will be used to investigate influences of the melt state and 
crystallisation conditions on the crystalline morphology in the deuterated homopolymer. For the 
block copolymers the high scattering contrast between isotopic regions hides any lamellar peak and 
instead information on the block copolymer regions can be obtained. The di- and tri-block intensities 
run close to parallel. At low q difference between the intensity profiles tends to change slightly, 
whereas at the large q the similarity between the isotopic region interphase leads to the same 
dependence on q following the power law q-3, suggesting surface fractal behaviour at a smooth 
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interface between the regions. The absolute scattering is lower for the tri-block copolymer as a 
cause of a more uneven distribution of protonated and deuterated components (40/60 wt% instead 
of 50/50 wt%) yielding less overall contrasting surface area between the isotopic regions. 
For the neutron scattering experiments in this chapter both small angle (SANS) and wide angle 
(WANS) scattering data could be obtained simultaneously by using a setup with two detectors. 
WANS is solely used to follow the melting of the polymer crystals while examining the corresponding 
changes in SANS. The first part of the chapter focusses on dPE homopolymer and the scattering 
intensity arising from crystals obtained from nascent, melt-crystallised and isothermally crystallised 
UHMWPE. The aim is to further characterise the various crystalline morphologies that are 
responsible for the melting point differences between nascent, melt-crystallised and isothermally 
crystallised polyethylene (chapter  5). The second part of this chapter investigates the distinct two-
phase melting behaviour of the block copolymers and gives more evidence for the long-lasting non-
equilibrium state exhibited by the block copolymers due to the inhibited mixing and entanglement 
formation between the isotopic regions. 
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6.2 Experimental 
6.2.1 Materials 
The following materials are used in this chapter: 
- Fully deuterated homopolymer dPE_2.1, Mw = 2.1 x106 g/mol, PDI = 2.0, synthesis and 
characterisation described in chapter  4.2. 
- Di-block UHMWPE copolymer consisting of a protonated and deuterated block of roughly 
equal length (Mw ~ 2.3 x106 g/mol), synthesis and characterisation described in chapter  4.3. 
- Tri-block UHMWPE copolymer consisting of a deuterated middle block (Mw ~ 2.1 x106 g/mol) 
and a smaller deuterated block on each end (Mw ~ 0.7 x106 g/mol per block), synthesis and 
characterisation described in chapter  4.3. 
For the experiments the nascent polymer powder was compression moulded for 20 minutes at an 
average force of 20 tonnes into a 35 mm diameter disk with thickness of 650 ± 50 µm, out of which 
12 mm diameter disks were cut. Compression moulding temperatures were 120 °C for dPE_2.1, 
122 °C for the di-block copolymer and 123 °C for the tri-block copolymer because of their respective 
melting temperatures. 
6.2.2 Thermal treatment procedure 
For the thermal treatment the 12 mm diameter compression moulded polymer disks were loaded at 
110 °C into a TA Instruments DHR2 stress-controlled rheometer using 12 mm parallel plate geometry 
and convection oven with a nitrogen atmosphere to prevent oxidative degradation of the polymer. A 
normal force of 4.0 N is applied to the polymer at all times to achieve good contact between plate 
and sample. The polymer is then heated to 160 °C at 10 °C/min where, after a temperature 
equilibration period of 90 s, a time sweep is carried out using a constant frequency of 10 rad/s 
(within the rubbery plateau region) and strain of 0.5 % (within the linear viscoelastic regime). During 
this time in the melt G’ is followed and once the desired modulus value is reached the polymer is 
cooled at a rate of 10 °C/min. For the samples labelled as melt-crystallised the polymer is cooled at 
this rate to 80 °C (10 °C below the α-relaxation of polyethylene). For the samples labelled as 
isothermally crystallised a 180 min long isothermal step is added at the isothermal crystallisation 
temperature Tiso, where Tiso is varied depending on the experiment. After this isothermal step, 
cooling at 10 °C/min is resumed until the polymer reaches 80 °C. Below 80 °C the polymer is allowed 
to cool ambiently to room temperature in air. The procedure is intended to follow as closely as 
possible the thermal treatment applied in a DSC instrument as given in Figure  5-2. However, instead 
of using tmelt as the variable to follow the polymer melt equilibration, it is possible in the rheometer 
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to directly use the measured value of G’ which is preferable considering the inherent variation in 
starting value of the elastic modulus of the nascent polymers. 
6.2.3 Small and Wide Angle Neutron Scattering 
Neutron scattering experiments were performed at the SANS2D beamline at ISIS. For the 
measurements 12 mm diameter compression moulded disks of polymer are inserted into an 
aluminium holder, which is placed in an electrically heated ceramic rack and placed in the neutron 
beam. A thermocouple in the heating rack is used to control the temperature and a second, fine 
thermocouple is put in an aluminium holder and placed next to the polymer sample for a control 
temperature measurement. For measurements at temperatures higher than room temperature the 
heating rack is purged with dry nitrogen to prevent oxidative degradation. Two large arrays (1 m x    
1 m) of 8 mm diameter 3He gas tubes are used as the detectors, for SANS with a sample to detector 
distance of 8 m (incident collimation length L1 = sample detector distance L2 = 8 m for optimal 
resolution) and for WANS with a sample to detector distance of 1.55 m. Since ISIS is a time-of-flight 
neutron source, a rotating double disc chopper allows selection of a neutron wavelength range of λ 
= 1.75 to 14.4 Å, which corresponds to a total simultaneous scattering vector q = 4πsin(θ)/λ (with 
the angle between incident beam and detector equal to 2θ) of 0.002 ≤ q ≤ 2.5 Å-1. The scattered data 
are normalised by the wavelength dependent transmission of the sample, the wavelength spectrum 
of incident neutrons and the thickness of the sample using the standard routines in Mantid17 and 
placed on an absolute intensity scale by reference to the scattering from a known polystyrene 
standard (49/51 wt% blend of protonated/deuterated polystyrene, Mw = 1 x105 for each component, 
PDI = 1.1).  
The isothermal crystallisation procedure was also carried out in situ in the neutron scattering setup 
on selected samples. In these cases Tiso in the temperature control needs to be set to a temperature 
2 °C higher than the required temperature in the DSC to achieve the same result, as measured 
separately in the DSC after thermal treatment in the neutron scattering setup. While this indicates a 
significant difference between the set temperature and the average temperature in the sample, a 
2 °C error is not important in the experiments that are carried out at either room temperature or in 
the melt. In the experiments including temperature ramp, especially during melting/crystallisation, 
the error might be significant and will be discussed in the respective sections. 
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6.3 Results and discussion 
The results and discussion in this chapter are organised as follows: chapter  6.3.1 focusses on the 
melting behaviour of the nascent dPE homopolymer which, when melted at a slow enough rate, 
shows lamellar thickening before the crystals are completely molten and long-range order is lost. 
Chapter  6.3.2 investigates the influence of the thermodynamic melt state on the resultant scattering 
profile of the melt-crystallised homopolymers and block copolymers. Chapter  6.3.3 and  6.3.4 extend 
the investigation to samples that have been isothermally crystallised using the procedure from 
chapter  5. Neutron scattering on block copolymers of hPE and dPE, showing a distinct two-stage 
melting behaviour, is discussed in chapter  6.3.5. In the same chapter the influence of the 
thermodynamic state of the block copolymers on the scattering response is discussed. 
6.3.1 Fully deuterated nascent disentangled UHMWPE 
The SANS intensity profile of dPE_2.1 in the nascent semi-crystalline state is shown in Figure  6-2a. 
The nascent powder, synthesised as described in chapter  4.2.1, consists of stacked lamellae with a 
long stacking period of 23 nm apparent from the broad peak at 0.027 Å-1. Concurrent wide angle 
scattering is shown in Figure  6-2b, with the caveat that the experimental setup is optimised for small 
angle scattering and thus the wide angle data are relatively low resolution, when compared to data 
from a powder diffractometer, and will allow only the observation of the (110) diffraction peak and 
amorphous halo from polyethylene and hence confirmation of whether the polymer is in the melt or 
in the solid state. In the solid state the (110) diffraction peak of polyethylene is clearly visible at 1.5 
Å-1. As soon as the polymer is molten the lamellar peak in the SANS data disappears and the 
crystalline peak in WANS vanishes, with a corresponding increase in the intensity of an amorphous 
halo at 1.2 Å-1 (Figure  6-2a and b). Once completely in the melt no further changes in the scattered 
intensity are observed in time, even when the polymer is left in the melt for over six hours, which is 
enough time for the majority of the equilibration process to take place.  
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Figure  6-2: Small (a) and wide (b) angle neutron scattering intensities for nascent dPE_2.1 at room 
temperature (solid line) and in the melt at 160 °C (dashed line). 
The changes in scattering profile are shown in Figure  6-3, where data is recorded on nascent 
polymer while heating slowly (0.25 °C/min) from 120 to 140 °C. SANS and WANS are measured 
simultaneously with each line in the figures representing the scattering averaged over a period of 4 
min, corresponding to a 1.0 °C increase in temperature. During the temperature increase from 
120 °C up to the melting of the material, which due to the low heating rate is around 135 °C as given 
by the heating rack thermocouple, there is no change in WANS pattern. The slow heating rate, 
thermal lag, non-ideal heat transfer and a suspected offset between measured and real sample 
temperature can explain the fact that the polymer is not molten at an indicated 135 °C, where the 
peak melting temperature as recorded by DSC at a heating rate of 10 °C/min would be around 134 °C.  
 
Figure  6-3: Small (a) and wide (b) angle neutron scattering intensities for nascent dPE_2.1 when 
heated from 120 to 140 °C at 0.25 °C/min. Arrow indicates increasing temperature and each line 
represents an increase in temperature of 1.0 °C. 
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From 120 °C to 123 °C there are no visible changes over the whole range of q. From 123 °C onwards 
there is a gradual broadening of the lamellar peak in SANS where the peak maximum shifts towards 
lower q until it disappears once the material is close to melting, indicating a process of lamellar 
broadening. Throughout this process the WANS pattern in Figure  6-3b confirms that up to 135 °C 
there is barely any melting as the (110) diffraction peak stays clearly visible. At 135 °C the polymer 
shows the first signs of melting, visible in SANS as a marked gradual decrease in scattering intensity 
in the low q region and in WANS by the disappearance of the crystalline peak and appearance of an 
amorphous halo at a scattering angle of 1.2 Å-1.  
The lamellar broadening can be quantified by taking the correlation function g(r) over the scattering 
intensity: 
 
𝑔𝑔(𝑟𝑟) = ∫ 4𝜋𝜋𝑠𝑠2𝐼𝐼(𝑠𝑠) cos(2𝜋𝜋𝑠𝑠𝑟𝑟)𝑑𝑑𝑠𝑠∞0
∫ 𝑠𝑠2𝐼𝐼(𝑠𝑠)𝑑𝑑𝑠𝑠∞0  (6-1)  
 
Here s is the reciprocal-space coordinate s = 2sin(θ/λ) = q/2π (with θ the Bragg angle and λ the 
wavelength) corresponding to real-space coordinate r, and I(s) is the scattering intensity. In order to 
achieve integration up to infinite s the scattering intensity in the range of 0.09 Å-1 < q < 0.5 Å-1 is 
fitted to Porod’s equation I(q) = A + (B/q4) and extrapolated. Figure  6-4 shows the correlation 
functions from the scattering intensity at varying temperatures during the melting of dPE_2.1.  
 
Figure  6-4: Correlation function g(r) from eq 6-1 for dPE_2.1 at increasing temperatures during 
melting of the polymer at 0.25 °C/min. 
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Assuming a simple two-phase model consisting of the amorphous region as one phase and the 
crystalline lamellae as the second phase the lamellar thickness is determined as the first peak of 
g(r)18,19 while the dispersion in lamellar size and spacing is calculated from the ratio of g(r) at the top 
of the first peak to the lowest value of g(r), resulting in the values given in Table  6-1. The lamellar 
thickness increases from roughly 23 nm in the nascent material to almost 40 nm just before the 
polymer starts to melt at 135 °C and correlation between more than one lamella is lost and no peak 
is observed anymore.  An increase in lamellar thickness to almost double the starting value is 
expected, as solution crystallised UHMWPE shows an increase in lamellar thickness from 12.5 nm to 
25 nm as investigated by X-ray scattering.20 At the same time the dispersion in lamellar size 
increases as a logical consequence of most but not all of the lamellae thickening happening at the 
same time and/or speed, visible in the broadening of the scattering peak in q-space. The depth of 
the first minimum in g(r) is indicative of the crystallinity of the sample where a lower minimum 
corresponds to lower crystallinity. The decrease in this depth on increasing temperature is 
consistent with an increase in amorphous region as the polymer gets closer to the melt. 
Table  6-1: Lamellar thickness and dispersion in lamellar size and spacing of dPE_2.1 at increasing 
temperatures during slow (0.25 °C/min) melting of the polymer. 
Temperature (°C) Lamellar thickness (nm) Dispersion (nm) 
120 23.2 4.5 
121 23.3 4.8 
123 26.4 5.5 
125 26.2 5.5 
127 28.9 5.6 
129 31.2 5.9 
131 33.4 5.8 
133 38.6 6.4 
 
6.3.2 Nascent versus melt-crystallised UHMWPE 
The results on thermal characterisation, described in chapter  5, indicate differences in crystalline 
morphologies arising from the thermodynamic state of the UHMWPE melt prior to crystallisation. 
Scattering techniques are ideal to give more insight into the ordering and thickness of the semi-
crystalline morphologies in these polymers. This section investigates the differences in scattering 
behaviour between UHMWPE that has been sintered below the melting temperature from the 
nascent powder and UHMWPE that has been molten inside a rheometer and then crystallised 
rapidly (10 °C/min) to room temperature to achieve the melt-crystallised morphology. To investigate 
the influence of the thermodynamic melt state on the resultant crystal morphology, the melt-
crystallisation studies were pursued at various points during the equilibration process indicated by 
the elastic modulus prior to cooling to room temperature.  Modulus values were chosen such that 
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one sample was within the segmental dynamic region of the build-up, one in the reptation dynamic 
regime and the third after equilibrium was reached, with the characteristic time of the segmental 
dynamic equilibration process taken as a dividing line. For the dPE_2.1 sample used, this amounts to 
G’ values of 1.2 MPa, 1.5 MPa and 2.2 MPa (equilibrium), shown in relation to the modulus build-up 
and characteristic time of the segmental dynamic process (dotted line) in Figure  6-5. 
 
Figure  6-5: Elastic modulus build-up during equilibration of dPE_2.1, with arrows indicating the G’ 
values at which the required thermal procedure (melt-crystallisation or isothermal crystallisation) 
was started. The dotted line gives the characteristic time of the equilibration process governed by 
segmental dynamics (eq 2-2). 
In this way it is possible to follow the effect of both the crystalline morphology (nascent or melt 
crystallised) and the entanglement density on the conformation of the polymer chains. All samples 
were investigated by neutron scattering both in the solid state (at room temperature, 25 °C) and in 
the melt state, after heating to 160 °C at 10 °C/min with an equilibration time at 160 °C of 10 min 
(Figure  6-6). 
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Figure  6-6: SANS scattering curves of fully deuterated UHMWPE in the solid state (25 °C, solid 
lines). Samples are nascent (black line) or have been melt-crystallised after being in the melt for a 
specific amount of time, indicated by the modulus prior to crystallisation. For comparison the 
equilibrated polymer in the melt state recorded at 160 °C is also shown (dotted line). 
At high q (> 0.03 Å-1) hardly any difference in scattering intensity between the nascent and melt-
crystallised samples is observed. In this range, q decreases following a power law slope of q-3, 
indicating surface fractal behaviour with a smooth interface. At even higher q (> 0.1 Å-1) a transition 
to Porod behaviour with a scaling of I(q) ~ q-4 is observed in WANS. However, at medium to low q 
values the shape of the scattering curve changes markedly between the nascent and melt-
crystallised samples in the solid state. In the nascent material the lamellae are regularly stacked, 
therefore at medium q (0.01 – 0.04 Å-1) a distinct peak at q = 0.027 Å-1 is observed which is 
consistent with X-ray scattering data and an inter-lamellar distance of 23 nm. This peak broadens to 
the point of almost disappearing in the melt-crystallised material, which can be explained by the 
absence of long range correlation between lamellae. These observations are in accordance with the 
anticipated morphology arising from the melt-crystallised UHMWPE. Additionally, in melt-
crystallised samples a broad peak in scattering intensity is observed at low q (< 0.01 Å-1). The peak 
shifts to higher q and sharpens/narrows in shape when the polymer is closer to equilibrium prior to 
melt-crystallisation. This peak might be related to the density fluctuations coming from the 
heterogeneous distribution of entanglement density in the non-equilibrium UHMWPE, which 
influences the nucleation barrier for crystallisation. The heterogeneous spread in nucleation would 
result into a broad spread in lamellar thickness. As the polymer approaches the equilibrium state, 
the heterogeneous distribution in entanglement density disappears and consequently a smaller 
spread in lamellar thickness narrows the peak width. It is possible to again determine the correlation 
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function in the same way as in chapter  6.3.1 and the results are shown in Figure  6-7 compared to the 
nascent polymer at room temperature. The long-range order present in the nascent polymer is not 
observed in the melt-crystallised materials and g(r) dampens out to zero with only a low broad peak 
around 55 nm. The deeper first minimum of g(r) of the melt-crystallised samples is explained by the 
expected lower crystallinity of these materials. The samples melt-crystallised from non-equilibrium 
polymer melts show a slightly more shallow first minimum, located at higher r, than samples melt-
crystallised from the equilibrated polymer melt. The indicated higher crystallinity but lower long-
range order is a consequence of the heterogeneous less entangled non-equilibrium melt state. 
 
Figure  6-7: Correlation function for dPE_2.1 at room temperature after crystallisation from the 
melt starting at varying points during equilibration, denoted by the value of G’ prior to cooling. 
No significant scattering intensity differences are observed between the melt states of the samples, 
independently of whether they were molten from the nascent or melt-crystallised polymers. This is 
consistent with the observation in chapter  6.3.1 where no change in scattering intensity was 
detected when dPE_2.1 was left in the melt for six hours while continuously measuring SANS.  
6.3.3 Isothermally crystallised UHMWPE  
The difference in scattering between nascent and melt-crystallised UHMWPE suggests it is possible 
to use the isothermal crystallisation step upon cooling, as described in chapter  5, to further 
investigate the influence of the thermodynamic state and entanglement density distribution in non-
equilibrium polymer melts. The two melting peaks that are observed after the isothermal 
crystallisation (Figure  5-7) are assumed to correspond to two different crystalline morphologies. The 
low melting temperature peak is assigned to the normal melt-crystallised morphology of 
polyethylene as it is also observed in samples crystallised during cooling from the melt to room 
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temperature. However, it is not immediately obvious if the high melting temperature peak results 
from crystals with a morphology similar to that of the nascent polymer, given that the crystallisation 
takes place in different circumstances, even though their melting temperatures are the same. 
Scattering techniques can provide more detailed information on the crystal morphology and crystal 
size distribution differences between nascent, melt-crystallised and isothermally crystallised samples. 
To this end, dPE_2.1 and di- and tri-block UHMWPE copolymers were compression moulded and 
given a thermal treatment including an isothermal crystallisation step as described in chapter  6.2.2. 
For dPE_2.1 the isothermal crystallisation procedure was started after reaching G’ values of 1.2 MPa, 
1.5 MPa and in equilibrium (2.2 MPa) to have comparisons with the melt-crystallised samples 
(chapter  6.3.2). The isothermal crystallisation temperature Tiso was set at either 122.5 or 120.0 °C, 
corresponding to temperatures where the thermodynamic state does or does not influence the 
enthalpy ratios of the subsequent melting peaks (see chapter  5). Samples investigated in this section 
are distinguished by their value of G’ at which the isothermal crystallisation procedure was initiated 
and the chosen value of Tiso during isothermal crystallisation. The elastic modulus was measured 
during the isothermal crystallisation in the rheometer and the results are shown in Figure  6-8. In 
cases where the modulus increased during crystallisation to values above approximately 13 MPa, 
where the strain and stress signals start to become erratic, the measurements were stopped while 
still keeping the standard normal force and temperature for the full duration of isothermal 
crystallisation. It is apparent that during the isothermal crystallisation at 120.0 °C the polymer 
crystallises quickly within the first 1000 s, independently of the thermodynamic state of the polymer 
melt prior to crystallisation. However, at Tiso = 122.5 °C, a polymer in the non-equilibrium melt state 
shows an earlier onset of the increase in G’ during the isothermal crystallisation step compared to a 
polymer in the equilibrium melt state. This suggests a faster nucleation from the non-equilibrium 
polymer melt followed by a faster build-up in elastic modulus as the crystals grow. The latter is 
influenced by the ease in diffusion of the chain segments to the nucleated crystal. Thus both 
nucleation and crystal growth processes are influenced by the entanglement density. This would 
support the idea that the melt that is further from equilibrium contains larger and/or more regions 
with low entanglement density which can crystallise more easily at Tiso. The crystal growth rate 
during isothermal crystallisation is quantified by the slope of the elastic modulus increase at long 
times. The onset of nucleation in time is quantified by the intercept of the growth rate with the 
modulus value at the start of the experiment. The data is summarised in Table  6-2. 
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Figure  6-8: Elastic modulus during isothermal crystallisation step at two different temperatures in 
the thermal treatment (Figure  5-2) of dPE_2.1 when crystallisation is started at varying points 
during the equilibration, given by the elastic modulus prior to crystallisation. 
Table  6-2: Onset of nucleation and crystal growth rate of dPE_2.1 samples during isothermal 
crystallisation at Tiso = 120.0 °C or Tiso = 122.5 °C. 
Tiso = 120.0 °C Onset of 
nucleation 
 (s) 
Crystal  
growth rate 
(x104 Pa/s) 
Tiso = 122.5 °C Onset of 
nucleation 
 (s) 
Crystal  
growth rate 
(x104 Pa/s) 
1.2 MPa 650 16.2 1.2 MPa 2050 4.9 
1.5 MPa 650 21.7 1.5 MPa 5850 2.1 
Equilibrium 970 7.3 Equilibrium 6750 1.5 
 
DSC measurements carried out on these materials after the thermal treatment show the presence of 
two well resolved melting peaks upon heating at 10 °C/min from room temperature to the melt 
(second heating run), Figure  6-9. As expected considering the results described in chapter  5, dPE_2.1 
when isothermally crystallised at 120.0 °C shows mainly a high melting temperature peak with a 
small peak at lower temperature, where the respective peak areas do not depend on the 
thermodynamic state of the polymer prior to crystallisation. With Tiso set at 122.5 °C the melting 
peak areas do depend on the thermodynamic state of the melt prior to crystallisation, with the 
polymer furthest from equilibrium showing the high melting peak with the largest area and the same 
polymer in equilibrium state having the smallest high melting peak area compared to the low 
melting peak. 
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Figure  6-9: Second heating run in DSC (see Figure  5-2 for procedure) of dPE_2.1 after isothermal 
crystallisation at various temperatures (Tiso = 120.0 or 122.5 °C, tiso = 180 min) and starting modulus 
values (1.2 and 1.5 MPa and at equilibrium). 
The peak melting temperatures, enthalpies and enthalpy ratio of the low temperature peak to the 
overall melting enthalpy are given in Table  6-3 for samples with Tiso = 122.5 °C. The enthalpy ratios 
correspond well with the polymer equilibration trend found in dPE_2.1 by both DSC and rheological 
experiments as shown in Figure  5-6. 
Table  6-3: Melting characteristics of dPE_2.1 after isothermal crystallisation with Tiso = 122.5 °C 
starting at different G’. Tml and Tmh are the low and high melting peak temperatures respectively, 
whereas ∆Hml and ∆Hmh are the corresponding melting enthalpies and ∆Hmtot is the total melting 
enthalpy. 
G’ at start Tml (°C) Tmh (°C) ∆Hml (J/g) ∆Hmh (J/g) ∆Hmtot (J/g) ∆Hml/DHmtot 
1.2 MPa 129.3 135.0 52.2 76.8 129.0 0.40 
1.5 MPa 130.5 134.8 90.1 25.3 115.3 0.78 
Equilibrium 129.4 135.7 99.7 8.4 108.1 0.92 
 
Figure  6-10 shows the scattering in the q-range from 0.004 to 0.1 Å-1 of the dPE samples at room 
temperature after isothermal crystallisation at Tiso = 122.5 °C (Figure  6-10a) or at Tiso = 120.0 °C 
(Figure  6-10b). As a comparison, scattering intensity for samples melt-crystallised from the 
equilibrated polymer melt is shown. The fractal behaviour at medium scattering angle (0.01 – 0.1 Å-1) 
is preserved for all samples.  However, there is an immediate trend visible in the low q region close 
to the beam stop (<0.01 Å-1) for samples that have been crystallised at Tiso = 122.5 °C. Scattering 
intensity in this region decreases for samples isothermally crystallised from melts close to 
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equilibrium. Materials prepared using Tiso = 120.0 °C show no dependence on the thermodynamic 
state prior to the start of isothermal crystallisation and the scattering intensity close to the beam 
stop is similar to that for samples crystallised at 122.5 °C from the melt furthest from equilibrium. 
These results demonstrate the same trend as those from DSC measurements, where all samples 
isothermally crystallised at 120.0 °C show the same high temperature melting peak in the second 
heating run as a sample isothermally crystallised at 122.5 °C from the non-equilibrium melt 
(Figure  6-9). 
 
Figure  6-10: SANS intensity of dPE_2.1 at room temperature after isothermal crystallisation at Tiso 
= 122.5 °C (a) or 120.0 °C (b) for tiso = 180 min. Isothermal crystallisation was started from melts in 
different thermodynamic states, given by their elastic modulus prior to crystallisation (1.2 and 1.5 
MPa and at equilibrium). Scattering intensity is compared to a sample melt-crystallised from the 
equilibrated polymer melt (dashed line). 
Correlation functions are taken in the same manner as for the nascent and melt-crystallised samples 
and the results are shown in Figure  6-11 for samples isothermally crystallised at 122.5 °C (a) and 
120.0 °C (b), compared a sample melt-crystallised from the equilibrated melt. The long-range 
structural order is even lower for the isothermally crystallised materials than for the melt-
crystallised samples. This is caused by the large variation in lamellar size due to crystallisation in two 
different morphologies, during and after the isothermal crystallisation step. However, the overall 
crystallinity is higher than for melt-crystallised samples as a cause of crystallisation occurring at 
lower supercooling. As expected, the highest crystallinity is observed in materials crystallised from 
the non-equilibrium melt and for materials crystallised at Tiso = 120.0 °C, in which the largest amount 
of material can crystallise during the isothermal crystallisation step at low undercooling. 
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Figure  6-11: Correlation function of dPE_2.1 at room temperature after isothermal crystallisation 
at Tiso = 122.5 °C (a) or 120.0 °C (b) for tiso = 180 min. Isothermal crystallisation was started from 
melts in different thermodynamic states, given by their elastic modulus prior to crystallisation (1.2 
and 1.5 MPa and at equilibrium). Correlation function is compared to a sample melt-crystallised 
from the equilibrated polymer melt (dashed line). 
When the same samples are heated to 160 °C and then cooled to room temperature without 
including an isothermal crystallisation step the melt-crystallised structure is again achieved, as 
shown for comparison in Figure  6-10. DSC traces of these samples confirm the return to melt-
crystallised behaviour as they show only a single melting peak at the low melting temperature 
around 130 °C, Figure  6-12. 
 
Figure  6-12: Melting behaviour of dPE_2.1 after going through isothermal crystallisation procedure 
at varying starting G’ values and Tiso, and subsequent melting and melt-crystallisation to regain 
their melt-crystallised morphology. 
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6.3.4 Influence of the thermodynamic melt state on structure development during 
isothermal crystallisation 
To further investigate what happens during the isothermal crystallisation a few selected samples 
have been isothermally crystallised while measuring SANS. For this purpose dPE_2.1 was heated to 
160 °C and was left for 10 minutes to let the temperature equilibrate. After melting, the sample was 
cooled to Tiso = 122.5 °C and left to crystallise for tiso = 180 min. Subsequently the material was 
cooled to room temperature allowing the remaining melt to crystallise. This experiment was 
performed for both a nascent sample resulting in a non-equilibrium melt prior to isothermal 
crystallisation, and a sample that had reached equilibrium prior to isothermal crystallisation. 
Figure  6-13a and Figure  6-13b show scattering profiles of the two samples while they are cooled 
from melt to Tiso. The first five frames refer to the structure development on cooling from the melt 
to Tiso. During this period no significant structural changes were observed. While isothermally 
crystallising the sample at Tiso, the scattering intensity was recorded for 180 min, also shown in 
Figure  6-13a and b. Figure  6-13c and d refer to the scattering intensities recorded while cooling the 
same samples to room temperature after isothermal crystallisation. Arrows in the figures denote an 
increasing time of the thermal procedures, meaning decreasing temperature and increasing time of 
the isothermal crystallisation in the case of Figure  6-13a and b, and decreasing temperature in 
Figure  6-13c and d. Each line is a summation of scattering intensity over 100 s during cooling (to Tiso 
and to room temperature) and over 600 s during isothermal crystallisation.   
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Figure  6-13: SANS patterns of dPE_2.1 in the nascent non-equilibrium (left) and equilibrium fully 
entangled (right) state while cooling from melt (160 °C) to 122.5 °C and isothermal crystallisation 
at that temperature for tiso = 180 min (top) and while cooling from Tiso to room temperature 
(bottom). Arrow direction denotes increasing time of the thermal procedures. 
The scattering recorded in Figure  6-13 confirms that during isothermal crystallisation a part of the 
material crystallises, where the rate at which the intensity increases shows strong dependence on 
the entangled state of the polymer melt prior to isothermal crystallisation. In the disentangled state 
most of the polymer is able to crystallise at Tiso, visible as the strong increase in scattering in the low 
q range (<0.03 Å-1) close to beam stop in Figure  6-13a, corresponding to clustering as a result of ease 
in nucleation. The structural organisation happens relatively slowly and in an ordered manner, 
creating crystals with lamellar thickness of roughly 34 nm as seen from the clear lamellar peak at 
0.018 Å-1. On cooling (10 °C/min) to room temperature (Figure  6-13c) after the isothermal 
crystallisation the rest of the sample crystallises. The enhanced supercooling, combined with the 
suppression in the nucleation barrier due to the presence of heterogeneous nuclei followed by 
secondary crystallisation, results in the development of lamellae having a broad distribution in 
thickness. This ultimately diminishes the resolution of a well-defined lamellar peak in the scattering 
profile. 
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In contrast, on isothermal crystallisation from the equilibrium polymer melt, most of the sample 
stays in the melt at 122.5 °C (Figure  6-13b) and only a small increase in scattering in the very low q 
range close to the beamstop is detected. The increase in the intensity can be attributed to the 
scattering length fluctuations originating from the slow nucleation process of crystals from the 
equilibrated melt state. On subsequent cooling of the sample to room temperature the scattering 
intensity increases in a similar manner to that shown in Figure  6-13c. The presence of a broad hump 
around 0.029 Å-1 in the scattering profile at room temperature indicates lamellar thickness in the 
vicinity of 21 nm. The peak, though broad, is clearer than in the sample crystallised from the non-
equilibrium melt because in the entangled sample the polymer crystallises homogeneously in a 
relatively small temperature window in one step while cooling. The crystals formed during cooling at 
10 °C/min are much thinner with the lamellar peak corresponding to a lamellar thickness of 21 nm 
due to the fast (and therefore uncontrolled) crystallisation and the homogeneous distribution of 
entanglement density in the equilibrated melt. 
To verify that the thermal procedure carried out in situ in the SANS heating rack yields the same 
results as thermal treatment inside the DSC, parts of the samples investigated in SANS were 
measured in DSC and the heating traces are shown in Figure  6-14. The sample crystallised from the 
non-equilibrium melt shows the presence of a relatively large high melting temperature peak in 
combination with a low melting temperature peak, whereas the sample crystallised from the 
equilibrated polymer melt shows the presence of only a single low melting temperature peak. These 
findings are in agreement with the results obtained in the samples given the isothermal 
crystallisation step inside the DSC.  
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Figure  6-14: Heating traces of dPE_2.1 samples after isothermal crystallisation at 122.5 °C during 
SANS measurements. The thermal procedure was given to the polymers that were either in 
nascent (non-equilibrated) melt or equilibrated melt state prior to crystallisation. 
In DSC, when dPE is isothermally crystallised at Tiso = 120.0 °C, instead of Tiso = 122.5 °C, a large high 
melting peak is observed regardless of the thermodynamic state the polymer was in prior to 
isothermal crystallisation (chapter  6.3.2). The scattering intensity progression of a nascent sample 
during isothermal crystallisation (from the non-equilibrium melt) at 120.0 °C is shown in Figure  6-15a.  
Similar to the nascent sample crystallised at Tiso = 122.5 °C (Figure  6-13a) a significant increase in 
intensity is recorded during isothermal crystallisation. However, compared to the crystallisation at 
Tiso = 122.5 °C, the increase in intensity at low q, close to beamstop, is faster as anticipated for the 
higher supercooling. The pronounced appearance of the peak at higher q (~0.03 Å-1) at the early 
stages of crystallisation reflects fast crystal growth. The peak gradually shifts to lower q (~0.022 Å-1) 
with increasing time of isothermal crystallisation. The shift in the peak can be attributed to crystal 
thickening. Together with the first appearance of the peak at q = 0.03 Å-1 in SANS, the (110) 
diffraction peak in WANS is observed, Figure  6-15b. Even at the end of the 180 min of isothermal 
crystallisation WANS shows the presence of both the (110) diffraction peak and the amorphous halo, 
indicating a mix of solid and molten material. The increase in the scattering at different isothermal 
conditions is in accordance with the rheological response during the isothermal crystallisation shown 
in Figure  6-8. 
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Figure  6-15: SANS (a) and WANS (b) intensity recorded on dPE_2.1 in the nascent partly 
disentangled state while cooling from the (non-equilibrium) melt to Tiso = 120.0 °C and isothermal 
crystallisation for tiso = 180 min.  
6.3.5 Block copolymers of protonated and deuterated UHMWPE 
So far the SANS experiments reported in this chapter have been on dPE homopolymer where the 
resultant scattering intensity has been attributed solely to the difference in scattering lengths arising 
from the crystalline and amorphous components of the semi-crystalline polymer. In the UHMWPE 
block copolymers, synthesised as described in chapter  4.3.1, the largest scattering contrast will arise 
from the separation of different isotopes into different regions. Consequently the scattering 
patterns will provide information about the degree of separation, size and ordering of the isotopic 
regions. 
To investigate melting of the block copolymers the samples were heated at a rate of 0.25 °C/min 
from 125 to 145 °C, at which point the polymer is completely molten. The resulting SANS intensities 
are shown in Figure  6-16 for both the di-block (a) and the tri-block (b) copolymers. In the solid semi-
crystalline state the scattering for both block copolymers shows mass fractal behaviour, and going to 
higher temperatures the polymer melts in two stages. The deuterated components melt first due to 
their lower melting point, seen by a decrease in intensity in the medium q range of 0.01 Å-1< q < 0.1 
Å-1. The protonated components melt afterwards showing an increase in scattering at small q (< 0.01 
Å-1) and a further decrease in intensity in the medium q range. The temperatures at which the first 
evidence of the protonated component melting is found (around 138 °C for the di-block copolymer 
and 136 °C for the tri-block copolymer) correspond well to the melting seen by DSC and are 
confirmed by wide angle neutron scattering, where the (110) diffraction peak of UHMWPE crystals 
disappears at the temperatures similar to where the change in scattering intensity is observed in 
SANS. Due to low resolution of the WANS data no distinction could be made between the positions 
of the (110) diffraction peak arising from the protonated or deuterated components. 
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Figure  6-16: SANS scattering of di-block (a) and tri-block (b) copolymers when heating at a rate of 
0.25 °C/min from 125 to 145 °C. Each line corresponds to an increase in temperature of 1.0 °C. 
To quantify the melting behaviour of the block copolymers, the scattering intensity is fitted to the 
following equation21,22 
 
𝐼𝐼(𝑞𝑞) = 𝐴𝐴
𝑞𝑞𝑛𝑛
+ 𝐵𝐵1 + 𝐿𝐿𝑞𝑞𝑚𝑚 + 𝐶𝐶 (6-2) 
 
In this equation the first term corresponds to Porod scattering from the isotopic regions in the block 
copolymers in the low q region. The second term describes scattering from polymer chains at the 
isotopic interfaces with a Lorenzian function in the medium to high q range. Parameter C corrects for 
incoherent background scattering intensity. L1/m corresponds to a correlation length for the polymer 
chains. Scaling parameters A and B, exponents n and m, and C and L are all used as fitting 
parameters. The fits to eq 6-2 at selected temperatures (in the solid state, the melt state and close 
to the transition from solid to melt) for both block copolymers are shown in Figure  6-17. There is 
some deviation between the fit and data at very low q near the beam stop for the samples in the 
melt, but at medium q and in materials in the solid or partly molten state the fits to eq 6-2 overlay 
well with the experimental data. 
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Figure  6-17: SANS scattering of di-block (a) and tri-block (b) copolymers when heating at a rate of 
0.25 °C/min from 125 to 145 °C with fits to eq 6-2 (dashed lines). 
In Ref 21 and 22 eq 6-2 was used to describe clustering of poly(ethylene-oxide) in water given by the 
first term in the equation. The clustering in the case of the block copolymers can be seen as the 
separated isotopic regions whereas the Lorentzian second term gives information about the chain 
dynamic fluctuations at the interface between isotopic regions. Figure  6-18 shows the correlation 
length L, found within the second term of eq 6-2, as a function of temperature for the block 
copolymers and dPE_2.1 homopolymer. Note that L in this instance has no physical meaning but is 
used solely to determine when melting takes place. 
 
Figure  6-18: Correlation length L in eq 6-2 as a function of temperature for both di- and tri-block 
copolymers compared to dPE_2.1 homopolymer. 
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This correlation length L can be used to follow the progression in melting as melting increases the 
scattering length density fluctuation. For the deuterated homopolymer dPE_2.1 the scattering 
length density fluctuation increases with temperature as crystals start to melt and L increases as 
crystalline regions get less numerous and further apart, up to the point where all crystals are molten 
and the correlation length drops suddenly. The changes in the correlation length for the 
homopolymer dPE_2.1 are shown in black dots in Figure  6-18. In the block copolymers the scattering 
length density fluctuation is between isotope regions and starts to increase as a result of melting of 
the deuterated component which enhances the scattering length density fluctuation dramatically as 
the chain dynamic increases at the interface. With melting of the deuterated component, while 
keeping the protonated component intact in solid state, the increase in scattering length density 
fluctuation combined with the expansion of the deuterated component on melting results into a 
significant increase in the value of L in the block copolymers. On subsequent melting of the 
protonated component the difference in the scattering length density fluctuation and dynamic drops 
close to that seen in the solid state. Compared to the melting of deuterated homopolymer dPE_2.1, 
melting of the deuterated components in the block copolymers is more gradual and takes places 
over a wider range of temperature. The influence of the protonated components on melting further 
strengthens the notion of covalent bonding between the block constituents of the copolymers. It has 
to be mentioned that the complete melting of dPE_2.1 observed via the sudden drop in correlation 
parameter occurs at 138 °C, about 2 °C higher than expected from DSC results. This is likely a result 
of the temperature control and as mentioned in the experimental section the experimental 
temperature is ~2 °C higher than the real sample temperature, as concluded from observations on 
the isothermal crystallisation behaviour. This would also explain why the block copolymers only fully 
melt at 142 °C, which is too high even for nascent protonated UHMWPE. 
The scattering intensity profiles of the block copolymers in their melt state at 160 °C are compared 
to each other and to deuterated homopolymer dPE_2.1 in Figure  6-19. As expected there is hardly 
any scattering observed from the homopolymer melt as there is no neutron scattering contrast 
foreseen in the molten state of the homopolymer. In contrast, the block copolymer scattering 
intensity runs parallel in the medium q range (0.02 Å-1 < q < 0.1 Å-1). In this q range scattering 
originates from the interface between the different isotope regions, which is expected to be similar 
for both block copolymers.  
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Their parallel decrease depending on scattering vector as q-2 is the expected behaviour of a simple 
binary polymer blend in the range of qR >> 1, where scattering intensity is given by 
 
𝐼𝐼(𝑞𝑞) = 2𝑁𝑁𝜑𝜑𝐴𝐴(1 −𝜑𝜑𝐴𝐴)
𝑞𝑞2𝑅𝑅2
 (6-3) 
 
Here R the radius of the phase separated regions, N the degree of polymerisation and ϕA the 
(volume) fraction of one of the block components.  
Using approximate values of N = 1.6 x105 and ϕA = 0.5 for the di-block copolymer and N = 1.3 x105 
and ϕA = 0.4 for the tri-block copolymer gives a rough estimate for the radius of the isotope regions 
as R = 210 nm for the di-block copolymer and R = 130 nm for the tri-block copolymer, which is in the 
correct order of magnitude for the radius of gyration for the high molar mass polymer chains these 
block regions consist of. The molar mass of the hPE blocks in the tri-block copolymer (Mw = 0.7 x106 
g/mol) is much lower than that of the hPE component in the di-block copolymer (Mw = 2.3 x106 
g/mol), explaining the difference in R between the different block copolymers. 
In the range of q < 0.02 Å-1 the scattering intensity from the block copolymers deviates from one 
another. This is an indication of the different sizes of the isotope regions as a result of the length of 
the protonated components in the block copolymers. In a homogeneous melt of micro-phase 
separated block copolymers a peak in scattering intensity is expected around q = 1/R as a result of 
the correlation hole effect.23,24 Whereas in the high q range scattering intensity is described by eq. 6-
3, at very low q the assumption of incompressibility of the bulk melt of the block copolymers causes 
the intensity to approach zero, with the scattering intensity at qR << 1 given by: 
 
𝐼𝐼(𝑞𝑞) = 2𝑁𝑁𝜑𝜑2(1 − 𝜑𝜑)2𝑞𝑞2𝑅𝑅23  (6-4)   
 
This would yield a peak in intensity (the correlation hole) around qR = 1 which, using the value of R 
estimated above, would be around q = 0.5 x10-4 Å-1 for the di-block copolymer and q = 0.7 x10-4 Å-1 
for the tri-block copolymer. These low scattering vectors were not obtainable in the experimental 
setup used for the experiments described here but the start of the peak is observed in the shape of 
the scattering intensity curves. Bates and Hartney25 found that the peak position and width in the 
melt of polymer blends was highly dependent on molar mass distribution, which can explain the 
differences in shape of intensity curves from the block copolymers, even though both have similar 
expected peak positions.  
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Figure  6-19: SANS intensity for dPE_2.1, di-block and tri-block copolymers in the melt state at 
160 °C. 
When the di-block copolymer is kept in the melt far above the melting point (at 160 °C) for a longer 
period of time (six hours), there is no visible change in scattering intensity. For the tri-block 
copolymer there is only a slight shift observed in scattering intensity during the same period 
(Figure  6-20). These results are consistent with the observations from rheology and DSC which show 
hardly any change in elastic modulus and thermal behaviour respectively in the melt for the di-block 
copolymer, while the tri-block UHMWPE exhibits some elastic modulus build-up in rheology during 
equilibration. The reason is likely to be micro-phase separation and resistance to mixing as discussed 
in chapter  4.3.3. The absence of any demixing between the existing protonated and deuterated 
components in their molten state further confirms the successful synthesis of block copolymers with 
covalent bonding between the protonated and deuterated components.   
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Figure  6-20: SANS intensity for the tri-block copolymer with increasing time in the melt at 160 °C. 
Time period between each curve is 30 min. 
6.3.5.1 Nascent versus melt-crystallised block copolymers 
In the block copolymers of hPE and dPE the contrast for neutron scattering comes not only from the 
neutron density differences between amorphous and crystalline regions but also (and more 
prominently) from the different scattering lengths of the isotope regions. Even so, there is a clear 
difference between the nascent and melt-crystallised block copolymers, shown for in Figure  6-21 the 
di-block (Figure  6-21a) and tri-block (Figure  6-21b) copolymers. 
 
Figure  6-21: SANS of di-block (a) and tri-block (b) copolymers of hPE and dPE in solid state (room 
temperature, solid lines) and melt (160 °C, dotted line). Polymers are nascent (grey line) or have 
been melt-crystallised after being in the melt for a certain amount of time, indicated by modulus 
prior to crystallisation. 
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Overall, and especially in the low q regime, the scattering in the melt is very similar in shape and 
intensity to that of the melt crystallised samples in the solid state. This indicates that any change in 
scattering intensity happens upon melting from the nascent polymer, probably as a result of polymer 
chain explosion being able to overcome some entropic barrier between the isotopes at the interface 
regions. Subsequent crystallisation from the melt does not cause further changes and the scattering 
intensities stay constant with only a change close to the interface between isotope regions. No 
change in scattering from the melt-crystallised samples is observed, independent of the time the 
polymer has been in the melt (given by the value of elastic modulus in the rheometer, which 
increases up to a constant value with time in the melt, chapter  4.3.3). This is further indication that 
the protonated and deuterated regions, once the polymer has been molten, stay separated in a 
long-lasting non-equilibrium melt state, even after a long time (>24 hours) in the melt.  
After an isothermal crystallisation step whilst cooling from the melt of the block copolymers, with 
Tiso = 128.0 °C, DSC results show a resolved melting peak of the protonated region in the di-block 
copolymer (section  5.3.4, Figure  5-10). The tri-block copolymer does not show the same behaviour, 
instead yielding a broad melting peak corresponding to the hPE components. Scattering intensities 
of the resulting samples are shown in Figure  6-22, compared to the melt-crystallised and nascent 
block copolymers. Consistent with the DSC results, the intensity varies slightly between melt-
crystallised and isothermally crystallised samples for the di-block copolymer while no change in 
intensity is observed for the tri-block copolymer. No changes are observed depending on the time 
the polymer has spent in the melt state prior to crystallisation, for the same reasons as described 
above for the melt-crystallised copolymers. 
 
Figure  6-22: SANS of di-block (a) and tri-block (b) copolymers of hPE and dPE in solid state (25 °C, 
solid lines). Polymers are nascent (black line), melt-crystallised (dotted line) or isothermally 
crystallised with Tiso = 128.0 °C (solid lines) with crystallisation started right after melting (red) or 
after the ultimate elastic modulus had been reached (black). 
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6.4 Conclusions  
In this chapter the deuterated homopolymer dPE_2.1 and partly deuterated UHMWPE block 
copolymers, synthesised as described in chapter  4, were investigated using small angle neutron 
scattering (SANS) in order to explore the crystalline morphology of dPE_2.1 and the isotopic 
separation of the block copolymers. 
Slow heating of homopolymer dPE_2.1 showed an increase in average lamellar thickness on 
approaching the melting point of the polymer as small crystals melt, accompanied by a decrease in 
crystallinity. The influence of the thermodynamic state of the deuterated UHMWPE melt prior to 
crystallisation was investigated by cooling nascent disentangled UHMWPE from the melt at various 
stages during the equilibration process. Overall the crystallinity of the melt-crystallised samples is 
found to be lower than that of the nascent polymer. Crystallisation from a non-equilibrium melt, 
having a heterogeneous distribution of entanglement density, results in crystals with a larger 
distribution of lamellar thicknesses than samples crystallised from an equilibrated melt with a 
homogeneous entanglement distribution. The reason is the variation in the ease of crystallisation 
depending on the entanglement density: the components in the equilibrated polymer melt 
crystallise within a smaller temperature window than the components in the non-equilibrium melt 
because the latter have a larger range of nucleation temperatures dependent on the heterogeneous 
distribution of entanglement density. 
The heterogeneity in the ease of nucleation for the non-equilibrium polymer melt is further 
investigated, as in chapter  5, by adding an isothermal crystallisation step during cooling from the 
melt. It was shown that at a specific isothermal crystallisation temperature the less entangled 
regions in the non-equilibrium polymer melt are able to crystallise due to their lower nucleation 
barrier compared to the fully entangled regions. This showed in the SANS data as an increase in 
scattering intensity during isothermal crystallisation, with a clear lamellar peak corresponding to 
crystals with relatively large lamellar thickness of approximately 34 nm. It is expected that these 
crystals are responsible for the high melting temperature peak, close to the equilibrium melting 
point of polyethylene, observed in DSC after the same thermal procedure (chapter  5). An 
equilibrated polymer melt, on the other hand, shows hardly any increase in scattering intensity 
during isothermal crystallisation at the same temperature because their homogeneously entangled 
components are unable to crystallise. These components subsequently crystallise during further 
cooling to room temperature and the resulting crystals have a smaller lamellar thickness and lower 
melting point. 
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Additionally, block copolymers of protonated and deuterated UHMWPE blocks were investigated by 
SANS with the aim of examining their melting behaviour and separation of isotopic components. 
During melting of the block copolymers a distinct two-phase melting behaviour is observed where 
first the deuterated component melts, followed by melting of the protonated blocks. Compared to 
the melting of deuterated homopolymer dPE_2.1, melting of the deuterated components in the 
block copolymers is more gradual and takes places over a wider range of temperature. The influence 
of the protonated components on melting further strengthens the notion of covalent bonding 
between the block constituents of the copolymers. Leaving the block copolymers in the melt does 
not significantly change the scattering intensity, further confirming the existence of a long-lasting 
non-equilibrium polymer melt state in the block copolymers caused by a resistance to mixing and 
entanglements formation between the isotope regions. 
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7 Conclusions and recommendations for future work 
This chapter summarises the important results of the previous chapters and gives recommendations 
for the directions in which the work described here can be continued. The aim of the thesis was to 
show the influence of the non-equilibrium melt, having a heterogeneous distribution of 
entanglement density, on the physical properties of Ultra-High Molecular Weight Polyethylene 
(UHMWPE). This melt is achieved upon melting of UHMWPE, synthesised in specific conditions to 
yield a nascent material with a low amount of entanglements compared to its equilibrium state. In 
time the melt equilibrates by formation of entanglements, continuously increasing its elastic 
modulus, until equilibrium is reached, having a homogeneous distribution of entanglements. 
Chapter 2 showed that Rouse dynamic is increasingly hindered as the melt equilibrates. The 
existence of a plateau region in elastic modulus showed that, even in non-equilibrium conditions, 
the presence of entanglements confines the polymer chains, forcing them to renew their 
configurations by renewing their constraints. The relaxation modulus, G(t), showed that as the melt 
elasticity increases, stress relaxation becomes slower, and therefore the average constraint renewal 
time increases. G(t) obtained at different stages of the modulus build-up (including at equilibrium) 
collapses onto one single curve when using the build-up kinetics showing a clear relation between 
constraint renewal processes in the non-equilibrium melt state and its relaxation towards 
thermodynamic equilibrium.  
Chapter  3 switches from step strain to step stress experiments in equilibrated UHMWPE in order to 
exploit the better accuracy at longer times and showed how it is possible to adapt a method from 
micro-rheology to numerically convert creep compliance to the relaxation modulus. The method 
shows good overlap with oscillatory rheology measurements within the transition region for a range 
of molecular weights and extends the low frequency limit that can be investigated while drastically 
shortening the required experimental time. Step stress experiments started in non-equilibrium melts 
during the equilibration process show a progressive change in creep compliance depending on the 
distance from equilibrium. Time translational invariance of the non-equilibrium melt can be regained 
by transitioning to an effective time domain where time-dependency of viscosity and chain 
relaxation time are taken into account. It was shown that it is possible by this method to overlay 
strain rates of materials starting in varying thermodynamic states and having different molecular 
weights. 
Together these chapters provide new insight in the relaxation behaviour of polymers out of 
equilibrium. Using a non-equilibrium system that fully equilibrates without chemical alteration 
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allows for a clean interpretation of the increasing relaxation times and viscosities observed by both 
stress relaxation and creep flow independently. The direct relationship between increasing 
relaxation and viscosity with rubber elasticity has not been shown before in a one-component 
system. An important outstanding issue is the exponent of this relationship, which seems to be 
different for stress relaxation and creep flow. The exponent of 0.5 found for creep flow is in line with 
the theoretical value when the non-equilibrium polymer melt is envisioned as a polymer in a solvent. 
More experiments and an extension of the proposed renormalization model to include varying time-
dependencies on multiple relaxation times could help resolve the discrepancy in exponent for the 
stress relaxation. Combined with the indicated changes in chain dynamic close to the Rouse time 
these experiments provide information on the validity of the tube model in non-equilibrium 
conditions.  
Chapter 4 described the successful synthesis of disentangled UHMWPEs that are either fully 
deuterated or consist of blocks of protonated and deuterated material. Fully deuterated polymers 
were shown to behave in a similar manner as their protonated counterparts, but with a lower 
melting temperature as an expected result of the deuteration. However, due to this melting point 
difference the block copolymers are phase separated and show severely hindered entanglement 
formation up to the point where their ultimate elastic modulus remains at a low value compared to 
protonated or deuterated homopolymers. Furthermore, the inherent melting point shift between 
nascent and melt-crystallised UHMWPE can be combined with the isotopically induced melting point 
difference to resolve the melting endotherms of the separate isotope regions. This was done by 
careful melting of only deuterated components of the block copolymers before cooling to room 
temperature to yield the low melting melt-crystallised morphology for dPE while the protonated 
components retain their high-melting nascent crystal morphology. The materials described have not 
been synthesised before, especially considering the initial state of heterogeneous distribution of 
entanglement density and high molar mass. More thorough examination of the restricted mixing and 
phase separation by rheology and DSC is beyond the scope of this thesis but could provide crucial 
information on entanglement formation and melting of polymer chains with restricted mobility. 
Chapter 5 verified that isothermal crystallisation from the deuterated UHMWPE melt at specific 
temperatures results in melting behaviour dependent on the isothermal crystallisation temperature 
and the thermodynamic state of the polymer melt prior to crystallisation. More specifically, the 
original single melting peak, observed when melting nascent material, resolves into low and high 
temperature melting peaks, corresponding to crystal morphologies formed from highly entangled 
and less entangled regions respectively. The non-equilibrium UHMWPE melt, with a heterogeneous 
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distribution of entanglement density, equilibrates by formation of more/larger highly entangled 
regions at the expense of less entangled regions and this is reflected in the change in melting 
enthalpies of their respective crystals. Surprisingly, a crystal morphology with a melting point close 
to the equilibrium melting temperature of polyethylene could be attained even from an equilibrated 
polymer melt. Block copolymers showed evidence of a long-lasting non-equilibrium melt state. 
Chapter 6 examined the crystalline morphologies of deuterated UHMWPE by Small Angle Neutron 
Scattering where it was shown that the crystallisation method (nascent polymer, melt-crystallised or 
isothermally crystallised) and crystallisation temperature determine the structure and order of the 
semi-crystalline material. Apart from the method, the influence of the thermodynamic state is also 
shown as the lower entangled regions form different crystal morphology and order than the highly 
entangled polymer. Furthermore, SANS was used on the block copolymers to prove the long-lasting 
state of lower entanglement density caused by the phase separation.  
The main insight coming from chapter  5 and 6 is the new indications from DSC and SANS for a 
heterogeneous distribution of entanglement density coming from the disentangled UHMWPE, 
where before it was thought that a homogeneous state with lower average entanglement density 
was equally possible. Especially important are the regions with initially low entanglement density, 
which can crystallise into a high melting crystal morphology even after the bulk material has 
equilibrated. While some characteristics of this morphology such as approximate lamellar thickness 
and melting point have been examined in this thesis, there are still open questions. Some of these 
questions, along with proposed techniques for further investigation, are discussed in the next 
section. 
7.1 Recommendations for future work 
The non-equilibrium melt state with a heterogeneous distribution of entanglement density, that is 
the basis of the work in this thesis, results from nascent UHMWPE polymers synthesised under 
specific conditions such as polymerisation temperature and catalyst concentration. These 
requirements combined with the high molar mass needed to achieve the desired non-equilibrium 
melt state introduce some limitations on experimental characterisation and investigation of the 
materials. For example, the inherent polydispersity, while lower than for commercially produced 
UHMWPEs, introduces a wide spread of relaxation times that is hard to incorporate in rigorous 
theoretical models. For comparison with such models a highly monodisperse or very well 
characterised blend of monodisperse materials is needed, which is not possible with current 
synthetic techniques while simultaneously keeping the disentangled state and high molar mass. The 
high polymer molar masses themselves, and the consequent high relaxation times, also make for a 
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limited experimental window that can be explored. In rheology this means that the terminal region 
is in general only observed near the (lower) limit of the frequency window. It also means some 
common characterisation techniques such as gel permeation chromatography and solution state 
NMR are not feasible due to the insolubility of the polymer. Progress in synthetic procedures and 
novel characterisation techniques could help solve some of these issues. 
The results from chapter  2 and  3 of this thesis indicate the possibility to describe the relaxation and 
retardation dynamics of non-equilibrium UHMWPE polymer melts by redefining the viscoelastic 
framework to include time-dependency of the viscosity and relaxation/retardation time. This is 
possible because these parameters follow a power law dependence on the instantaneous elastic 
modulus, which can be monitored during equilibration. The first extension of this work can come 
from proving the same concept in non-equilibrium melts of polymers other than UHMWPE. The non-
equilibrium melt state with heterogeneous distribution of entanglement density is achieved due to 
the synthetic procedure and is not inherent to the polymer used. Therefore disentangled polymers 
with a different chemical structure can be synthesised and used to verify if the concepts proposed in 
chapter  2 and  3 are universal for linear flexible polymers. Additionally, modelling of the non-
equilibrium melt state would be useful as comparison to experimental results. A first approximation 
to model the heterogeneous entanglement density distribution in UHMWPE could be to envision the 
material as a blend of two polymers with the same molar mass but different number of 
entanglements per chain. In this way the equilibration process could be represented by continuously 
decreasing the amount of polymer with low amount of entanglements while increasing the amount 
of polymer with the high (equilibrium) entanglement density.  
Chapter  4 explores the synthesis of deuterated analogues of disentangled UHMWPE that show a 
similar equilibration process as their protonated counterparts. This opens up the possibility of using 
characterisation techniques previously unavailable to the materials with the main candidate being 
deuteron NMR. 2D-NMR spectra for deuterated UHMWPE recorded at different temperatures are 
well described by a combination of two-site exchange (trans to gauche transition) and three-side 
exchange (rotation around the carbon-carbon bond) models with the amount of each mode 
dependent on the temperature. The line shape of melt-crystallised dPE is completely different from 
the line shape of nascent and solution crystallised samples. 2D-NMR, at a temperature when the 
deuterated components of the block copolymers are in the melt state while the protonated 
components are solid, could provide information on the chain dynamic at short length scales when 
one (in the di-block copolymer) or both (in the tri-block copolymer) of the chain ends of the 
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deuterated components are covalently connected to a solid crystal. Using isothermal crystallisation, 
experiments such as these could yield important information about possible epitaxial crystal growth. 
This chapter also shows the possibility of synthesising block copolymers with a relatively low amount 
of entanglements in the nascent state. If the block constituents are incompatible with each other 
they will tend to phase separate and prevent or hinder further entanglement formation even when 
above their melt temperature. This can be of major importance to the processing of such materials 
which is normally not feasible because of the high viscosity caused by the high amount of 
entanglements. One logical extension for future work is the incorporation of different α-olefins 
instead of the expensive deuterated polyethylene. These materials can then be produced on such a 
scale that tensile testing is feasible with the aim of finding an amount of α-olefin incorporation that 
is enough to inhibit entanglement formation while simultaneously keeping the required high-
performance properties such as tensile strength, Young’s modulus and abrasion resistance.  
Results from chapter  5 and  6 show it is possible to regain the high melting point of the nascent 
UHMWPE crystalline morphology by utilising a simple isothermal crystallisation step. For the nascent 
disentangled polymers described in this thesis, that melting temperature can approach the 
equilibrium melting point of polyethylene and is attributed to crystals formed from less entangled 
regions which can crystallise at relatively low undercooling and therefore have more mobility to 
rearrange into high-melting crystalline morphology. However, in these materials and with the right 
method it is possible to reach such melting temperatures also in samples that are considered in 
equilibrium when measured by rheology and are therefore expected to be fully entangled which 
generally results into a low melting point. This challenges the notion that these very high molar mass 
materials ever reach a completely entangled state, as described by tube theory, within the 
experimental timeframe due to their high relaxation times. Modelling and simulation are excellent 
tools for researching the possibility of a type of entanglement that can restrict the chain mobility in 
rheology at the same level as a ‘classical’ intertwined chain entanglement, while still allowing the 
polymer chain to crystallise in a high melting morphology. 
The exact crystalline morphology and its similarity to the nascent crystal morphology of the 
UHMWPE polymers have not yet been determined, even though some aspects were investigated by 
neutron scattering. Some techniques suggested to further examine these crystals are X-ray 
scattering and NMR. X-ray scattering can provide higher resolution than neutron scattering in the 
homopolymers, especially in the wide-angle range where subtle changes in crystalline parameters 
could be detected. The smaller beam size also allows measurements on nascent UHMWPE powder 
for better comparison with DSC results, even though care must be taken as the inherent scattering 
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from powdered samples is within the q-range of interest and its influence has to be carefully 
removed during data treatment. Novel techniques in solid-state NMR could provide insight on the 
amount of adjacent re-entry in the isothermally crystallised samples, which can be compared to 
chain folding in nascent, solution cast and melt-crystallised materials. Furthermore, it is possible that 
the entangled and less entangled regions react differently to staining or etching with materials 
commonly used for determining morphologies in polyethylene such as chlorosulfonic acid for 
staining and permanganates for etching. Subsequent electron microscopy on the stained or etched 
materials in various thermodynamic states could provide information on the size, amount and shape 
of the fully or less entangled regions and the changes occurring during the equilibration. 
Small angle neutron scattering has proven a useful technique for investigation of deuterated and 
block copolymer UHMWPEs. Apart from investigating homopolymers or separated isotope regions in 
block copolymers, neutron scattering often makes use of protonated guest chains in polymer 
crystals or melts. While this is achievable by simple blending for UHMWPE, assuming the fraction of 
protonated chains is low enough, the process would influence the unique ‘disentangled’ nascent 
state of the materials that is the main source of interest. One possibility to work around this problem 
is incorporation of a small amount of protonated chains during synthesis of deuterated UHMWPE. 
The protonated chains can be synthesised right before synthesis of the deuterated polyethylene in 
the same reaction vessel or in a separate reaction and added as filler to the reactor solvent of the 
deuterated UHMWPE synthesis. In both cases, however, mixing on a molecular level is not 
guaranteed and the protonated material might be concentrated in part of the deuterated nascent 
crystals (formed at the start of the reaction).  
The focus in chapter  6 has been on elastic neutron scattering. Inelastic neutron scattering by either 
triple-axis neutron scattering or neutron spin echo experiments could provide more information on 
the dynamics in the block copolymer systems. There is again the problem of very high timescales of 
the important dynamics which might be beyond the limit of current inelastic neutron scattering 
equipment, but the reachable timescales have been steadily increasing over the years and it is a 
matter of time before investigation is possible.  
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Appendix A 
Code in Visual Basic to determine elastic and loss modulus from creep compliance* 
Sub main() 
ndat = Worksheets(1).Cells(1, 7)            Number of data points 
For i = 1 To ndat 
    Worksheets(1).Cells(i, 1) = ts(i)           ts = time in seconds 
    Worksheets(1).Cells(i, 2) = js(i)           js = compliance in 1/Pa 
Next i 
Calculation of elastic and loss modulus via eq 3-2 and 3-3, see chapter 3.2.1, at time ts, 
corresponding to frequency 1/ts 
For ns = 2 To ndat - 1 
    Call lagrange_dev                           Calculation of log derivative for point ns at time ts = alpha 
    Call gamma_function                          Calculation of error function of (1+alpha) at time ts 
    g = 1# / gammavalue / js(ns)                 Complex modulus from eq 3-3 
    gp = g * Cos(3.1416 * alpha * 0.5)         Elastic modulus from eq 3-2 
    gpp = g * Sin(3.1416 * alpha * 0.5)       Loss modulus from eq 3-2 
    Worksheets(2).Cells(ns-1, 1) = 1 / ts(ns) 
    Worksheets(2).Cells(ns-1, 2) = g 
    Worksheets(2).Cells(ns-1, 3) = gp 
    Worksheets(2).Cells(ns-1, 4) = gpp 
Next ns     
End Sub 
Calculation of logarithmic derivative for point ns 
Sub lagrange_dev() 
j1 = js(ns - 1) 
j2 = js(ns) 
j3 = js(ns + 1) 
x1 = ts(ns - 1) 
x2 = ts(ns) 
x3 = ts(ns + 1) 
dlj1 = (x2 - x3) / (x1 - x2) / (x1 - x3) 
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dlj2 = (x2 - x1) / (x2 - x1) / (x2 - x3) + (x2 - x3) / (x2 - x1) / (x2 - x3) 
dlj3 = (x2 - x1) / (x3 - x2) / (x3 - x1) 
sum = dlj1 * j1 + dlj2 * j2 + dlj3 * j3 
alpha = sum * x2 / j2 
End Sub 
Calculation of error function for (1+alfa) 
Sub gamma_function() 
dt = 0.001 
xg = alpha 
sum = 0# 
t = 0# 
For j = 1 To 100000 
    t = t + dt 
    sum = sum + (t ^ xg) * Exp(-t) 
Next j 
sum = sum + 0.5 * (t ^ xg) * Exp(-t) 
gammavalue = dt * sum 
End Sub 
*In an Excel worksheet data input is as follows: 
- Time in seconds in column A row 1 to n (with n the total number of data points) 
- Corresponding creep compliance in 1/Pa in column B row 1 to n 
- Total number of data points n in column G row 1 
The data output is in worksheet 2: 
- Frequency in rad/s in column A row 1 to n – 2 
- Complex modulus in Pa in column B row 1 to n – 2 
- Elastic modulus G’ in Pa in column C row 1 to n – 2 
- Viscous modulus G’’ in Pa in column D row 1 to n – 2 
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Appendix B 
Code in Visual Basic to normalize strain rates of non-equilibrium melts* 
Sub main() 
ndat = Worksheets(1).Cells(1, 7)                          Number of data points 
jnorm = Worksheets(1).Cells(3, 7)                        Compliance at the start of the experiment 
 
For npoint = 1 To ndat 
    t(npoint) = Worksheets(1).Cells(npoint, 1)       Time in seconds 
    jdt(npoint) = Worksheets(1).Cells(npoint, 2)     Shear rate in 1/s 
Next npoint 
For npoint = 1 To ndat 
    Call integration(npoint) 
     Normalization of time from t to z via integration of 1/relaxation time 
    Worksheets(1).Cells(npoint, 9) = txi 
Normalization of strain rate via strain rate (z) = strain rate * viscosity = strain rate * G' * 
relaxation time 
    Worksheets(1).Cells(npoint, 10) = jdt(npoint) * normalizeit(t(npoint)) / integrando(t(npoint)) 
Next npoint 
End Sub 
Determination of 1/relaxation time by using proportionality factor between relaxation time and 
build-up process (G'(t)) 
Function integrando(ByVal x) 
    ti = Worksheets(1).Cells(5, 7)                        Experiment start time 
    t1 = 3500                                              Elastic modulus build-up characteristic time 
    t2 = 17000      (Values given for build-up of PE_2.3) 
    g1 = 0.53                                             Elastic modulus build-up increments 
    g2 = 0.18      (Values given for build-up of PE_2.3) 
    tfactor = 1 - g1 * Exp(-(x + ti) / t1) - g2 * Exp(-(x + ti) / t2) 
    integrando = 1 / tfactor ^ 0.5 
End Function 
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Integration of 1/relaxation time to determine z 
Sub integration(ByVal nt As Long) 
nip = 10000 
dt = (t(nt)) / nip 
sum = integrando(0#) / 2# 
For i = 2 To nip - 1 
    sum = sum + integrando((i - 1) * dt) 
Next i 
sum = sum + integrando(t(nt)) / 2# 
txi = sum * dt                                            normalised time z 
End Sub 
Determination of G'(t) for use in determining normalised strain rate 
Function normalizeit(ByVal x As Double) As Double 
    ti = Worksheets(1).Cells(5, 7)                        Experiment start time 
    t1 = 3500                                              Elastic modulus build-up characteristic time 
    t2 = 17000      (Values given for build-up of PE_2.3) 
    g1 = 0.53                                             Elastic modulus build-up increments 
    g2 = 0.18      (Values given for build-up of PE_2.3) 
    tfactor = 1 - g1 * Exp(-(x + ti) / t1) - g2 * Exp(-(x + ti) / t2) 
    normalizeit = tfactor                                  Instantaneous modulus at time t 
End Function 
*In an Excel worksheet data input is as follows: 
- Time in seconds in column A row 1 to n (with n the total number of data points) 
- Corresponding instantaneous strain rate in 1/s in column B row 1 to n 
- Total number of data points n in column G row 1 
- Compliance at the start of the experiment in 1/Pa in column G row 3 
- Experiment start time in seconds in column G row 5 
The data output is in the same worksheet: 
- Renormalized time z in seconds in column I row 1 to n 
- Corresponding instantaneous normalised strain rate in column J row 1 to n 
